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Abstract
The isothermal evolution of nanometre-sized precipitates has been investigated
in Ti-Mo microalloyed steel as a function of chemical composition and thermo-
mechanical processing conditions (coiling time and prior deformation in austenite
regime) using advanced characterisation techniques including transmission elec-
tron microscopy, atom probe tomography and small angle neutron scattering. The
precipitate evolution has been related to the corresponding hardness evolution and
the contribution of precipitation strengthening has been estimated. The possibil-
ity of early stage solute clustering and its effect on precipitation have also been
investigated. A multistage cluster-finding approach has been adopted to analyse
the precipitates and clusters in atom probe data, where various evolution parame-
ters such as particle radius, number density, and chemical composition have been
evaluated and compared.
The austenite to ferrite transformation is expectedly accelerated with prior defor-
mation in austenite, due to a higher driving force compared to the steels without
any deformation. Therefore, the number density and volume fraction of the inter-
phase precipitates were also increased, with an estimated precipitation strength-
ening of > 250 MPa. The precipitates were enriched in Ti compared to the Mo
and C concentration, and exhibited a metastable stoichiometry with a C fraction
ranging between 0.2 to 1.2, irrespective of the steel chemistry and coiling con-
dition. However, for Mo, a positive correlation was observed between the bulk
steel and precipitate composition. The precipitates were MC-type even with 60%
occupancy of Mo in the carbide metallic sites, which is due to extensive solubility
between the carbides of Ti and Mo.
The role of Mo as a ferrite stabiliser, and also as an element that induces solute
drag, were found to act competitively, where the latter effect dominated at higher
Mo concentrations. As a result, the interphase precipitation in the 0.1 wt. % Mo
steel was incomplete and the majority of the precipitation occurred in ferrite, post
transformation.
The study reveals that the precipitation coarsening kinetics are slower in Mo-
containing steels compared to Ti-only steel, up to 1 h coiling time. This is believed
to be due to the reduction in equilibrium Ti content in the matrix as a result of
partial replacement of Ti by Mo (Ti/Mo ratio > 2) in the precipitate lattice, in the
vi
presence of excess C in the system. However, the coarsening kinetics after 100 h
coiling time has been assumed to be assisted by dislocation pipe diffusion, causing
the precipitates to lose the characteristic row-like distribution of interphase precip-
itates. The observations after 100 h coiling time also revealed that the coarsening
of the precipitates was influenced by their proximity to dislocations, more so for
precipitates that nucleated in ferrite compared to the interphase precipitates.
The present work has also investigated potential solute clustering in order to un-
derstand its possible contribution to the precipitation process and overall strength
of the steels. Although clustering between Ti and C atoms was evident in most of
the steels, it did not influence the mechanical properties (hardness). The role of
such clustering on carbide precipitation is not clear from the present work as no
consistent trends were observed across the various coiling times.
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Chapter 1
Introduction
Greenhouse gas emission is a major environmental concern for the transport indus-
try. In Australia, the emission from the passenger cars alone accounts for about
47% of the total transport output [1]. As a result, stringent emission standards
are placed by the regulatory organisations to which the automotive industry must
adhere and the primary concern is CO2 emissions. Although there is no regulatory
CO2 emission standards followed in Australia, the average global standard is about
130 - 160 g/km by 2016; in Europe, the target is less than 100 g/km by 2020 [2].
One of the effective ways to reduce average fuel consumption and in turn reduce
the CO2 emissions, is the weight reduction of the vehicles. On average, a weight
reduction of 100 kg will reduce the fuel consumption between 0.1 to 0.5 litres per
100 km, an equivalent emissions saving of 8 to 12 g/km. Whilst composites and
light metal alloys provides competition for automotive body parts, steel is still a
preferred choice for the structural parts.
The automotive industry shifted from conventional mild steel to the lighter, high-
strength-low-alloy (HSLA) and advanced high strength (AHSS) steels for struc-
tural parts such as the chassis and wheels. Whilst lighter is better, it is also nec-
essary for the material to exhibit a combination of strength (load-bearing ability),
formability (ductility and stretch flange formability) and weldability to meet the
strict safety and design requirements. In addition, the manufacturing costs need
to be similar (or lower) to that of conventional steel i.e. the processing should not
require any special rolling or post-rolling heat treatment. The high strength in the
both kind of steels (HSLA and AHSS) is achieved through controlling grain size
and the amount of second phase [3, 4]. The alloying elements include Nb, V, Ti,
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Table 1.1: Comparison of mechanical properties of Ti-Mo steel and conven-
tional HSLA steel [5]
Steel
Yield stress
(MPa)
Tensile strength
(MPa)
Elongation
(%)
Hole expansion
ratio (%)
Ti-Mo steel 745 805 20 100
Conventional
HSLA steel
696 810 18 79
Mo, Cr. Recent development of the Ti-Mo microalloyed steels [5, 6] by JFE Steel
Corporation demonstrate exceptional combination of mechanical properties. High
strength (∼ 780 MPa) and good stretch flangeability along with optimum elonga-
tion (∼ 20%) is achieved in this class of steels with a single phase microstructure
of ferrite [5, 6]. Moreover, the steel is developed through commercial hot-strip
rolling process without any elaborate hot rolling or post processing.
Preliminary research has indicated that the incredible precipitation strengthen-
ing contribution of ∼ 300 MPa in these steels compared to conventional HSLA
steels (∼ 100 − 150 MPa) is achieved due to the small size of the precipitates
(< 10 nm diameter) often formed during the austenite to ferrite transformation
[5] and known as interphase precipitates. The topic of interphase precipitation was
extensively researched primarily by Honeycombe and co-workers [7–16]. A com-
parison of the mechanical properties of Ti-Mo steel and conventional HSLA steel
is shown in Table 1.1. Previous work by Mukherjee [17] suggested that in addition
to fine precipitates, formation of the nano-scale clusters (< 50 atoms size) may
also impart further strengthening of Ti-Mo steel. Whilst the incredible thermal
stability of the precipitate particles is attributed to the partial replacement of Ti
by Mo in the carbide lattice, the exact function of Mo in the precipitation process,
specifically on particle growth and coarsening is not understood.
The study of chemical composition evolution and number density of the precip-
itates is important to understand the precipitation process and can thereby as-
sist in the optimisation of the thermomechanical processing conditions and steel
chemistry to achieve desired mechanical properties. There is a need to accurately
quantify the microstructural features and relate them to the mechanical proper-
ties of the steel; in turn developing a structure-property relationship useful for the
purpose of alloy design. Also, characterisation of the atomic-level structures (such
as solute atom clusters) may develop an understanding of the early stage devel-
opment of the final precipitate phase. However, study at the atomic level, and
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even at the nano scale, requires high spatial resolution, which is often the limit-
ing factor of many characterisation techniques. Transmission electron microscopy
(TEM) is an important tool for such characterisation. However, the resolution
of the microscope may be compromised for ferritic steels, due to the interference
in the electromagnetic lenses caused by the ferro-magnetism of the steels. Atom
probe tomography (APT), on the other hand, allows another avenue for charac-
terisation of the chemical composition, size and number density of the particles
with high spatial and chemical resolution [18, 19]. Small-angle scattering (SAS) is
another technique that allows characterisation of nano-scale features. Therefore,
the correlation between these two techniques is desired for accurate quantitative
information about the precipitates in steel.
The present study is primarily focused on the evolution of precipitates and their
strengthening contribution to the Ti-Mo steel system. The emphasis is on the
quantitative characterisation of the precipitates (and possible solute atom cluster-
ing) in terms of their chemical composition, size and number density as a function
of thermomechanical processing and steel chemistry. The thesis commences with
a brief review of the type of precipitates and the strengthening mechanisms rele-
vant to microalloyed steels (Chapter 2). Since the work is based on Ti-Mo steel
systems, Chapter 2 also includes the role of Ti and Mo as microalloying elements
as reported in the literature, followed by a summary of the aims and scope of
the thesis in Chapter 3. Experimental procedures are described in Chapter 4 and
Chapter 5 discusses the data analysis procedures adapted for APT and SANS.
Presentation of experimental results commences from Chapter 6, which discusses
the evolution of precipitates and solute clusters in a Ti-Mo steel as a function of
thermomechanical processing conditions, and correlates the results with mechan-
ical properties. Chapter 7 discusses the effect of Mo composition and thermome-
chanical processing conditions on the microstructural evolution, with an emphasis
on the precipitate and solute cluster evolution. In Chapter 8, the results of the
precipitate characterisation after 100 h of isothermal holding at a simulated coiling
temperature are presented. Following this, the possible coarsening mechanism of
the precipitates and their strengthening contribution to the steel strength are dis-
cussed in Chapter 9. Finally the outcomes are summarised with future directions
in Chapter 10.

Chapter 2
Literature review
2.1 Introduction
Microalloyed steels are extensively used in structural applications due to their good
strength and toughness. Finer grain size along with precipitation strengthening
due to presence of carbide or carbonitrides attributes to the improved strength in
these steels. This chapter discusses different categories of strengthening processes
in microalloyed steels. Detailed account of the precipitation strengthening in these
steels is given, as it is reported to be the dominant contribution to overall strength.
Also, formation of different types of precipitates and their role in the precipitation
strengthening in microalloyed steels is reviewed. Since the aim of the present
thesis is to study the precipitation process in Ti-Mo steels, the role of titanium
and molybdenum as microalloying elements is also discussed.
2.2 Strengthening mechanisms in steel
The fundamental aspects of strengthening in a crystalline lattice are based on the
concept of dislocations, which are a type of line defects. Upon application of exter-
nal load, the dislocations attempt to move inside the lattice and their interactions
with various kind of obstacles in the system causes different kinds of strengthen-
ing. Brief description of different strengthening mechanisms in microalloyed steel
is presented in the following sections.
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2.2.1 Strengthening by grain refinement
A grain boundary is a region of misfit between two adjacent crystals and thus
considered as an area where the lattice is disordered and of high energy. In a
polycrystalline material, high rate of strain hardening is encountered due to two
reasons. First, the grain boundaries are resistant to slip as these are high energy
regions and second, complex modes of deformation such as multiple slip is intro-
duced within a single grain in an attempt to maintain continuity amongst the
adjacent grains[20–22]. Also dislocation pile up at the grain boundaries induces
back stress resisting generation of new dislocations within the grains[23]. The
stress concentration produced in a grain depends on the number of dislocations
piled up in the adjacent grain. The number of dislocations in a pile up increases
with increase in the applied stress and grain size and therefore, the multiplication
of stress is higher in a larger grain size. Hence, the amount of hardening in a fine
grained material is higher [20, 23, 24]. The dependence of yield strength on grain
size is described by Hall-Petch relationship[25–27],
σ0 = σi + kd
−1
2 (2.1)
Where, σ0 is the yield strength, σi is the friction stress opposing dislocation motion,
k is a constant and measure of extent to which dislocations are piled up at barriers
and d is the grain diameter.
The Hall-Petch relationship is found to be applicable within the grain size range of
0.3-400 µm in ferritic steels[28]. The grain size in steels are refined by controlling
time and temperature of transformation during heat treatment or by introducing
fine second phase particles such as alloy carbides and nitrides[28–30].
2.2.2 Solid solution strengthening
Solid solution strengthening is a result of interaction between dislocation and so-
lute atoms. The applied shear stress needs to be higher than the critical resolved
shear stress in order to move the dislocation. The nature of the interactions may
correspond to elastic interactions among strain fields of solute atoms or involve
electrical, chemical or geometrical interactions. Solute atoms can take interstitial
or substitutional positions as per their size. In either case, a local lattice distortion
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is originated around solute atoms, ensuring increased strength. The mechanism
of solid solution strengthening is complex and depends on the nature of interac-
tions, position and concentration of solute atoms,chemical valency, temperature
and presence of short or long range ordering in the lattice.
At lower temperature and low solute content, the mechanism of solid solution
strengthening can be described with the concept of ”Cottrell atmosphere”[31, 32].
It is proposed that the solute atoms tend to accumulate near the dislocations in
order to lower the total energy and thus locking the dislocation. If a positive edge
dislocation is imagined, the atoms in the above region of the dislocation are com-
pressed and below are stretched. The ”Cottrell atmosphere” is created through
assemblage of large atoms at the expanded region and small atoms at the com-
pressed region. Formation of such atmosphere requires the following conditions to
be fulfilled[31]:
• There must be enough solute atoms in the matrix.
• The temperature should not be too high for an atmosphere to form. Also
the temperature must not be too low to limit the solute atom movement.
• There must be sufficient time for the solute atoms to form an atmosphere
and the dislocation must either be at rest or moving slowly.
Under application of external force, the dislocation attempts to move along the
slip plane. As a result, the strain energy of the solute atom increases and this
rise in the strain energy resists the dislocation to move. If the applied force is
high enough, the dislocation may tear away from its atmosphere, increasing the
overall lattice strain and resistance to slip[20, 33]. In contrast, if the applied force
is not high enough to drive away the dislocation from its atmosphere, it may only
move in a limited way, dragging the atmosphere with itself. Segregation of the
solute atoms similar to formation of Cottrell atmosphere may occur in alloys with
stacking fault and the interaction of those solute atoms with moving dislocations
are first indicated by Suzuki[34]. The interaction is chemical in nature and known
as Suzuki interaction [34].
Strengthening may also arise due to short-range or long-range ordering. Fisher
proposed a mechanism related to short-range ordering in crystal structures [40].
A positive energy interface may be created due to motion of dislocations in an alloy
having short-range ordering. He suggested that a stress τ = γ/b or higher than that
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Table 2.1: Theories proposed for solid solution strengthening[35–39]
Author Strengthening expression Symbols
Mott and Nabarro τ = G2ac τ : YS in shear
Li ∆τ = 2Gac ∆τ : solid solution compo-
nent of YS in shear; G :
shear modulus
Fleisher ∆τ = G
700(|αa−′G|)
3
2 c
1
2
c : concentration of solute,
atom fraction; a : lattice
constant of α-Fe; a : size
misfit parameter = 1
a
da
dc
;
′G =
G
(1+| G
2
|) ; G : modulus
misfit parameter = 1
G
dG
dc
Takeuchi
d( ∆τ
G
)
dc
= 0.04(′µ + 1.5a)
2 ′µ =
G+Aa
1− 1
2
(G+Aa)
; A : con-
stant
Labusch ∆τ = ZG(|′G|+ α|a|)
4
3 c
2
3 Z : constant
Suzuki τ ∼= αE2ckTb3 E = 0.12(′G+ 1.52a) elec-
tron volts; k : Boltzmann
constant; b : Burgers vec-
tor; α : constant
van der Planken
and Deruyttere
∆τ
∆c
= (Sf +
∑
En)
m En : electronegativity;∑
En : sum of electroneg-
ativities of solvent and so-
lute; m : constant
is required for a dislocation to move in a short-range ordered lattice. Here γ is the
energy of the disordered interface produced by movement of dislocation through
a material which is short-range ordered and b is the magnitude of Burgers vector.
He also indicated that order hardening is independent of temperature at lower
temperatures. Long-range order involves formation of super lattice. Ardley and
Cottrell [41] suggested that in a super lattice, a stable dislocation should consist of
a pair of equal dislocations connected by antiphase boundary. Therefore, in order
to maintain the order of the lattice, the partial dislocations have to move in pairs
which will result an increase in yield stress. Sumino [42] predicted the hardening
effect in a super lattice assuming CsCl type configuration and using quasi-chemical
treatment. He considered the effect of disordering due to short-range order, first
proposed by Fisher [40] and the effect of change in the nearest neighbour distance
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due to ordering. The required locking stress is a function of number of atoms
per unit area in the slip plane, concentration, short-range and long-range order
parameters and is given by [42],
F =
Z
2
σ(1 + s2)(VAA + VBB − 2VAB) (2.2)
Where Z is number of atoms per unit area of slip plane, σ is short-range order
parameter, s is long-range order parameter and VAA, VBB, VAB are energies of AA,
BB and AB atom pairs respectively.
Brown further studied AB BCC type super lattice based on Sumino’s theory and
modeled the stress required for moving a super dislocation τ , considering the
nearest neighbour interactions [43],
τ = NkTS20/4b (2.3)
where, 2N is the density of atoms in (110) plane, k is Boltzmann constant, and S0 is
the degree of long range order in perfect crystal at equilibrium. He concluded that
a maximum would always exist if yield stress is measured as function of equilibrium
degree of long-range order, which is in agreement with Sumino’s proposed theory.
Several theories were suggested by previous researchers for calculating the theo-
retical contribution of the solid solution strengthening, which involve atomic size
mismatch [35, 36] and modulus mismatch parameters [34, 37–39] as indicators of
solid solution strengthening. A list of these theories is given in Table 2.1. Inter-
estingly, all the theories listed in Table 2.1 consider solid solution strengthening
as independent of temperature, except Suzuki, who considered strengthening is
inversely proportional to the temperature [35]. Takeuchi [38] suggested that the
rate of solid solution strengthening is best described as a combination of both mis-
match parameters and is temperature independent at ambient temperature. On
the contrary, Leslie [35] concluded that solid solution hardening strongly depends
on the temperature and strain rate. In his results, he showed that except Co and
Cr, the solid solution strengthening contribution increases with increasing alloy-
ing content and decreasing temperature up to the ambient temperature and then
drops sharply into solid solution softening region at around -120 ℃ [35].
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Figure 2.1: Solid solution strengthening effects in low carbon ferritic steels
[28]
As stated earlier, only Suzuki suggested that solid solution strengthening is caused
by generation of clusters of solutes that affect the temperature dependent com-
ponent of yield strength [34]. According to him, the strengthening behaviour is
linear in nature. However, at elevated temperature, significant effect of solutes are
observed in the yield strength of the BCC metals. Gladman [23] suggested that
the strengthening behaviour can be linear in respect to the room temperature
properties of the microalloyed steels as the solute content (microalloying content)
is ≤ 1 − 2%. The effect of interstitial impurities are not considered in the theo-
ries listed in Table 2.1. Occurrence of asymmetrical distortion and tensile stress
field in the lattice around the interstitial atoms causes more intense strengthening
compared to the substitutional atoms [28]. Interstitial atoms such as carbon and
nitrogen force the lattice to distort into a body-centered tetragonal configuration.
As the distortion is asymmetrical in nature, interstitial atoms will interact with
both shear stresses and hydrostatic stresses and therefore, will interact with both
screw and edge dislocations. Substitutional atoms produce symmetrical lattice
distortion and interact only with edge dislocations [28, 41]. The effect is further
enhanced by the comparatively strong dislocation interactions with the solute
atoms in form of the Cottrell atmosphere. The incredibly high strengthening ef-
fect of interstitial atoms such as carbon and nitrogen compared to substitutional
atoms is evident in Figure 2.1 [28] .
Recent research on solid solution strengthening involves use of computer simulation
and modeling aspects. Based on the areal glide model, de Vauccorbeil et al.
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presented the strengthening as a function of dislocation breaking angle Φsolutei
[44],
σss =
1.8MGb
Ls
[
cos
(
Φsolutei
2
)3/2(
1− 1
6
cos
(
Φsolutei
2
)5)]
(2.4)
and,
Ls =
1√
ρsolutei
(2.5)
where, M is Taylor factor, G is shear modulus, Ls is equivalent square spacing of
obstacles (solute atoms), and ρsolutei is density of atoms.
Therefore, the solid solution strengthening will be a combination of individual
solute atom contributions such as [44, 45],
σss =
√∑
σ2i (2.6)
Based on this model, Marceau et al. predicted the yield strength of a Al-Mg-Si-Cu
alloy and found that the model closely predicts the yield strength for an artificially
aged alloy [45]. The difficulty with calculating the solid solution strengthening in
the microalloyed steels from Equation 2.4 is the scarcity of experimental data avail-
able in this field. Also, there is little work on the solid solution strengthening in
BCC alloys such as steel involving multi-scale modeling and simulation approach.
In summary, although the area is extensively researched, the existing literature
is still unable to provide a satisfactory theoretical explanation of solid solution
strengthening. In commercial steels, the calculation of contribution from solid
solution strengthening is largely based on empirical equations of following type,
σss =
i∑
kici (2.7)
where, ki and ci are the coefficient and concentration of the i
th solute. For low car-
bon steel, combining the effect of solid solution strengthening and grain boundary
strengthening, an example of such empirical equation is given by Pickering [28]:
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Table 2.2: Effect of solutes on strength and impact properties in low carbon
ferritic steels [46]
Element
Yield stress
(t. s. i)
Tensile strength
(t. s. i)
Impact transition
temperature (℃)
Carbon 300 430 -
Nitrogen 300 430 not linear
Phosphorus 44 44 400
Tin 9 - 150
Silicon 5.4 5.4 44
Copper 2.5 0.6 not determined
Manganese 2.1 1.8 0
Molybdenum 0.7 3 not determined
Nickel 0 0.6 not determined
Chromium -2 -1.9 not determined
Aluminium - - 75
σy(MPa) = 15.4[3.5 + 2.1(wt%Mn) + 5.4(wt%Si) + 23(Nf ) + 1.13d
−1
2 ] (2.8)
Where, σy is yield stress, Nf is free nitrogen and d is the grain diameter.
Applying empirical equations, contributions of the different alloying elements are
often calculated by researchers. The effect of different solute atoms on the yield
stress, tensile strength and impact properties are listed in Table 2.2.
2.2.3 Cluster strengthening
A metallic system can be strengthened by the evolution of a second phase. Of-
ten, the precipitation of a second phase undergoes several metastable states that
gradually form the final phase. Clustering of solute atoms may take place when a
region of the parent lattice becomes rich in solute content. The clusters are not
specifically Guinier-Preston zones (GP zones) found in early aging of Al alloys, as
they are less defined in shape, size, structure, orientation, composition and degree
of order compared to the GP zones [47]. The clusters are regarded as part of the
solid solution and of short-range order [47, 48]. In their work on Al-Mg-Cu alloys,
Ringer et al. [47] proposed that the clusters contribute to the overall strength-
ening at the early stages of aging, contrasting the idea that the strengthening at
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early stages of aging evolves due to presence of GP zones in those alloys. Reich et
al. [49] examined co-clustering in Al-Mg-Cu alloys using 3DAP (3D Atom Probe)
and TEM, revealing occurrence of clusters at the early stages of aging. The nu-
cleation of the final precipitates may or may not be assisted by clustering process
[50]. However, it can be suggested that the final microstructure may exhibit a
combination of precipitates and clusters.
As the clusters do not possess any definite crystal structure, they are essentially
weak obstacles and can be sheared by moving dislocation. Starink et al. consid-
ered three kind of strengthening, namely, short-range order strengthening, chem-
ical hardening and modulus hardening [48] and proposed a model to predict the
strength of a material containing clusters. The contributions of different mecha-
nisms are expressed in Equations 2.9, 2.10 and 2.11.
Increase in strength due to short-range ordering,
∆τsro =
∆HA−B
b3
× 4√
3
[
2
3
(yA + yB)−
(
2
3
yAxB +
2
3
yBxA + 2xAxB
)]
(2.9)
where, ∆HA−B is enthalpy of nearest neighbour bond A-B (A and B being the
different solute atoms), yA and yB are the amount of A and B atoms in co-clusters,
xA and xB are the amount of A and B atoms in the matrix atom rich phase.
Increase in strength due to modulus hardening,
∆τm = 1.4α
3
2 ∆µ
3
2f
1
2 b
(
rp
b
) 3β
2
−1(
2piS
)−1
2
(2.10)
where, ∆µ is the difference in shear modulus between clusters and surrounding
matrix, S is dislocation line tension and α and β are parameters obtained from
dislocation precipitation interaction models.
Increase in strength due to chemical hardening is estimated as,
∆τch ∼ 0.03∆τsro (2.11)
The model has been validated with existing data from literature for Al-Mg-Cu
alloys and according to Starink et al., the strengthening due to the short-range
order is the predominating mechanism in that alloy system. de Vaucorbeil et al.
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Figure 2.2: Schematic of the three possible evolution mechanisms of dislo-
cation segments (a)touching an obstacle, (b) breaking free of one of the two
obstacles pinning the segment and (c) by-passing an obstacle [44, 51]
approached the problem differently, considering the effect of clustering as well as
obstacle strength [44, 51]. They considered three possible actions of a dislocation
segment,
• Touching the obstacle: The shear stress in this case is,
τmeet =
1
2Rmeet
(2.12)
where, Rmeet is radius of the bowed out dislocation.
• Breaking one of the two obstacles pinning the dislocation: The dislocation
segment would break free if the shear stress,
τbreak =
| sin(α + Φc)|√
2 cos(α + Φc)LlLr + L2l + L
2
r
(2.13)
• By-passing the obstacle: This situation is similar to Orowan strengthening
and therefore, the critical shear stress,
τorowan =
1
L
(2.14)
The reference relevant to the symbols used in Equations 2.12, 2.13, 2.14 is given
in Figure 2.2.
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Based on the areal glide model [44, 51], Marceau et al. determined the contribu-
tions from individual solute atoms as well as clustered atoms in a Al-Mg-Si-Cu
alloy. The contribution from the clusters is determined as [52],
σcluster = M
2T
bLclusters
τcluster (2.15)
where,
τcluster = 0.9 cos
3/2 Φcluster
2
(
1− cos
5 Φcluster
2
6
)
(2.16)
and
Lclusters =
2pi
3ftot
1/2
< r¯g > (2.17)
Here, M is Taylor factor, b is Burgers’ vector, Φcluster is the critical breaking angle
for a cluster, Lclusters is the average spacing of spherical clusters and r¯g is the
average Guinier radius of clusters.
Cluster strengthening is relatively new area compared to other kinds of strength-
ening mechanisms and therefore, more explorations are required. There is a thin
line between defining a cluster and a precipitate in terms of crystal structure and
accumulated number of atoms. However, cluster strengthening is somewhat simi-
lar to precipitation hardening if they are considered as weak obstacles interacting
with dislocations.
2.2.4 Precipitation strengthening
Precipitate particles act as obstacles in the dislocation movement and therefore,
contribute to the strengthening of the matrix. Al-Cu and Al-Si systems can be
considered as classic examples of non-ferrous precipitation hardening systems. It is
also widely used in ferrous systems such as microalloyed steels, quench aging of low
carbon steels and tempering of martensite [53]. The mechanism of precipitation
hardening involves the interaction of the dislocations with the precipitates and the
extent of hardening depends on the distribution, volume fraction and size of the
precipitates, the nature of the dislocation-obstacle interaction and the metallic
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Figure 2.3: Forces acting during obstacle resistance to dislocation movement
[53]
system involved [23]. Precipitation strengthening also depends on the obstacle
strength and the nature of the dislocation-particle interaction is different for strong
and weak obstacles. The obstacle resistance force, F , in case of the motion of the
dislocation in a matrix with dispersed precipitates is given by (Figure 2.3) [53],
F = 2T sin θ (2.18)
where, T is the dislocation line tension and θ is the dislocation bowing angle.
The bowing of dislocations increase as the obstacle resistance force F increases
and the dislocation line tension, T , comes to maximum when sin θ = 1. If an
obstacle is too hard such that F becomes higher than 2T , the dislocation will
bypass the obstacle by the Orowan looping mechanism [54] or cross-slip [53] and
the obstacle will remain unchanged and undeformed. On the other hand, if the
maximum obstacle resistance force is lower than the term 2T , the obstacle is weak
enough to be sheared by the dislocation.
2.2.4.1 Dispersion hardening
As stated above, in case of strong obstacles, the dislocations are not able to shear
them and therefore, attempt to by pass the obstacles through different mechanisms
such as Orowan looping, climb and cross slip. At ambient temperature, Orowan
looping becomes the favourable mechanism. In this case, the dislocations bend
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Figure 2.4: Schematic representation of Orowan looping mechanism in a ma-
trix containing precipitates with circular cross-section [23]
around the obstacles so that by forming a loop they can cancel each other and
move away. The loop remains around the particle and acts as additional stress
field [53]. A schematic representation of the mechanism is shown in Figure 2.4.
Considering random distribution of precipitates, increase in strength of the mate-
rial from precipitates is given by [23],
∆τy = Gb/L (2.19)
This can be converted in terms of yield strength and volume fraction of particles,
σy = σm + 6Gb
(
3f
2pi
) 1
2
/X (2.20)
Where, σy is the overall tensile strength, σm is the tensile yield strength in absence
of dispersoids, f is the volume fraction of dispersoids and X is the average size of
the particles. Further Orowan’s equation is modified by Ashby and presented as
[53, 55],
∆τy = 0.84
(
1.2Gb
2piL
)
ln
(
x
2b
)
(2.21)
Therefore, strength of the material is given by, (substituting values of G=80,300
MPa, b = 2.5× 10−4µm)
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∆σy(MPa) =
(
10.8f
−1
2
X
)
ln
(
X
6.125
× 10−4
)
(2.22)
Equation 2.22 is known as Ashby-Orowan equation and developed considering the
obstacles are spherical in shape and randomly distributed. A good agreement of
precipitation strengthening predictions from Ashby-Orowan equation can be found
with experimentally observed strengthening in microalloyed steels [53].
2.2.4.2 Coherency strain hardening
During the decomposition of the parent phase to form the second phase particles,
the atoms constituting the second phase form clusters which can be considered as
stable regions with a chemical composition significantly different from the matrix.
Since precipitation takes place by diffusion, these pre-precipitate clusters or aggre-
gates of solute atoms must be completely coherent to the matrix. The strain field
around these coherent clusters, particularly at the early stages of precipitation,
may significantly contribute in the increase of yield strength of the system. Mott
and Nabarro [36] proposed that a dislocation will arrange itself in a low energy
position with respect to the strain fields as depicted in Figure 2.6 and therefore,
any applied force needs to overcome an increased number of obstacles without the
assistance of dislocations in high energy positions before stressing. Strengthen-
ing due to coherency strain fields depends on the dislocation bowing angle θ as
illustrated in Figure 2.3 and the effective obstacle spacing.
Gleiter and Hornbogen [56] studied the strengthening of the coherent ordered
misfit-free particles and proposed that three different processes are responsible for
determining the increase in shear stress of the matrix,
• Volume fraction of particles and energy of antiphase boundary increases with
increase in particle size following the relationship,
∆τ ∼ γ3/2f 1/3 (2.23)
Curve a in Figure 2.5 shows the relationship between shear stress and particle
diameter considering the above effect.
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Figure 2.5: The processes determining shear stress of an alloy containing
ordered particles [56]
• As the spacing between two particle increases, keeping volume fraction and
particle size constant, the dislocations tend to bow out more under external
shear stress and therefore, there is an increase in the number of particles
interacting with dislocations. As a result, more antiphase boundaries are
created and resistance against dislocation motion is increased. Curve b in
Figure 2.5 shows this effect.
• After a critical particle diameter, the dislocation-particle interaction de-
creases the shear stress. If the particle diameter is too large so that both
the dislocations formed due to the formation of antiphase boundary run
through the same particle, the contractive force due to formation of anti
phase boundary and repulsive force due to stress fields of the two disloca-
tions compensate each other. Therefore, the stress required to shear the
particle becomes lower. Curve c (2.5) shows this effect.
The increase in shear stress for misfit-free ordered particles with smaller diameter
is given by [56],
∆τy = 0.28γ
3/2f 1/3µ−1/2b−2r1/2 (2.24)
where, γ is the energy of the antiphase boundary and r is the mean radius of
particles. Gleiter and Hornbogen [56] found agreement with the experimental
results in Ni-Cr-Al alloys.
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Dislocation line
Stress eld of precipitate
Figure 2.6: Low energy position of a dislocation in a particle dispersed matrix
[53]
In case of particles with a misfit in the lattice parameter, a misfit strain term is
included in the expression. For very small obstacles, bending of the dislocations
is limited and the increase in shear stress is given by [53],
∆τy = 4.1µ
3/2(rf/b)1/2 (2.25)
For larger obstacles, considerable bending of dislocations is possible and it needs
to overcome increased number of particles. In this case, increase in shear stress is
predicted by [53],
∆τy = 0.7µf
1/21/4(b/r)3/4 (2.26)
where, µ is shear modulus, f is volume fraction of precipitates,  is misfit strain,
b is magnitude of Burgers vector and r is radius of the precipitates.
For smaller sized precipitates, the coherency strain hardening increases with the
increasing precipitate size whereas the opposite is true for larger precipitates. The
upper limit of the strengthening is identified by the transition to Orowan looping
mechanism [53].
2.2.4.3 Chemical hardening
For weak obstacles, the dislocation movement takes place by shearing the obstacles,
as shown in Figure 2.7. As a result, the obstacle will be deformed with an increase
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in the interfacial energy. Two different situations may arise as a result of particle
shearing, an antiphase boundary may be created associated with disordered energy
or a stacking fault may develop with associated stacking fault energy. These effects
are termed as chemical hardening. According to Kelly and Fine, shear stress due
to chemical hardening is expressed as [57],
τc = (6γ
3
sbf/piT )
1/2 < r >−1 (2.27)
where, γs is the energy of the precipitate-matrix interface, T is dislocation line
tension and r is particle diameter. However, Equation 2.27 predicts that with
increasing particle size, shear stress decreases which contradicts the experimental
results.
Ham proposed that the hardening will be similar to order hardening and given the
following expression for increase in shear stress due to chemical hardening [53],
∆τy =
(
γ1/2
b
)(
4rsf
piT
)1/2
(2.28)
where, γ is the energy of antiphase boundary, b is the magnitude of Burgers vector,
rs is the mean radius of precipitates in the slip plane, f is volume fraction of
precipitates and T is dislocation line tension in an isotropic matrix.
Chemical hardening due to development of a stacking fault is given by [53],
∆τy = 2
(
γs
b
)3/2
(
bLT
)1/2 (2.29)
where, γs is the stacking fault energy and L is the precipitate spacing.
Equation 2.29 shows a trend of increase in the strengthening with decreasing pre-
cipitate size (decrease in precipitate spacing L). However, the effect is regarded
as small compared to the energy of antiphase boundary and thus neglected.
Precipitation hardening mechanism is a complex process as the interaction of the
precipitates with the dislocations depends on different factors such as their shape,
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(a) (b)
Figure 2.7: Illustration of shearing of obstacle by dislocation[53]
size, hardness, chemical composition and coherency. In general, the precipitate
particles in steel are strong enough to lock the moving dislocations and therefore,
Orowan’s mechanism of dispersion hardening is considered for determining con-
tribution from precipitation strengthening [53]. However, the situation is quite
different in case of interphase precipitates. First, the precipitates are arranged
systematically in the matrix, whereas, random distribution of precipitates are
considered in most of the above mechanisms. The situation becomes even more
complex due to body centered cubic structure of ferritic steel, where no definite
slip system exists and therefore, one needs to consider all the possible slip systems
in the structure. As a consequence, determination of precipitation strengthening
contribution is difficult for systems with interphase precipitates.
2.2.5 Factors affecting precipitation strengthening
2.2.5.1 Particle size
Particle size has an influence on the strengthening or softening due to dislocation-
particle interactions. According to Guo and Sha, the event of strengthening or
softening depends on the critical particle size which may also be different depend-
ing on the acting mechanism [58]. The definition of critical diameter of particles
given by them is shown in Table 2.3. The critical particle size below which it may
dissolve is given as [58],
rc = 2cαΓ/(c0 − cα) (2.30)
where Γ is the capillary constant and dependent on the interfacial energy between
particle and matrix, c0 is the concentration of matrix before aging and cα is the
solid solubility of the controlling elements in the matrix. Depending on the type
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of interface (coherent or incoherent), the critical particle size may vary from rc0
or rc3. Critical diameter rc1 depends on the mechanism of particle growth in a
supersaturated solid solution. The rate controlling steps can be either diffusion
rate of atoms near the interface or the rate at which the atoms cross the interface.
Guo and Sha argued that since rc0 and rc1 are negligibly small, those can be con-
sidered as zero that is diffusion in this case is considered as the acting mechanism
and precipitates start to grow from zero critical radius [58]. If the particles re-
main coherent to the matrix, the Orowan process does not occur and therefore, rc3
should be smaller than rc4. Guo and Sha proposed that the relationship between
these different critical diameter is like, rc0 < rc1 ≤ rc2 ≤ rc5 and rc0 < rc3 < rc4.
They also showed that with increasing particle diameter, coherency strengthening
decreases and after that the Orowan process takes place.
Table 2.3: Definition of different critical diameter of precipitate [58]
Symbol Definition
rc0 the particle will dissolve below this diameter having a coherent
interface
rc1 diffusion becomes rate controlling step above this value
rc2 above this value, coherency strengthening decreases with in-
creasing particle size
rc3 For a incoherent interface, below this value the particle will
dissolve
rc4 Above this value, dislocation moves by Orowan looping mech-
anism
rc5 Above this value coarsening of particle leads to softening
2.2.5.2 Particle shape
Elastic strains may develop due to difference in atomic volume of an atom in
matrix and precipitate. Nabarro argued that these elastic strains may govern the
shape of the precipitate and the plane of the matrix on which it will form [59].
If the particle is completely coherent to the matrix, the strain energy due to the
particle increases as the particle size increases. Nabarro showed that if a sphere of
unstrained radius (1 + δ)r0 is accommodated in a hole in the matrix with radius
r0, the total elastic energy of the sphere, E will be [59],
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E =
6µV δ2(
1 + 4µ
3K
) (2.31)
where, V = 4
3
pir30 is the volume of the sphere of radius r0, K is the bulk modulus
and µ is the shear modulus. From Equation 2.31, it is evident that the elastic
energy increases as the volume of the precipitate increases and Nabarro also showed
that it can decrease by a factor of 6 through changes in the precipitate shape
[59, 60].
The initial shape of a coherent particle is governed by the changes in the elastic
energy. At lower strain energy plate shape of the particles are favoured.
For a non-coherent particle, the change in energy is given by [59, 60],
W = 6µV δ2f
c
a
(2.32)
where, f c
a
is a function of the shape of a spheroid having semi-axes a, a and c.
Therefore, the energy will be lowest in a condition of f c
a
<< 1, i.e. the precipitates
should have the form of thin sheet.
Nie and Muddle [61–63] suggested that there is a significant change in the inter
obstacle spacing due to change in their shape. They mainly worked on FCC and
HCP systems (Al and Mg alloys), where definite slip system exists. They assumed
that the obstacles are in a periodic array arrangement, uniformly distributed in the
matrix and randomly distributed on the slip plane. Assuming obstacle shape to
be spherical and Orowan strengthening in action, the increase in critical resolved
shear stress (CRSS) is given by,
∆τp =
Gb
2pi
√
1− ν .
1
λ
. ln
r0
ri
(2.33)
G is shear modulus, ν is the poisons ratio, b is magnitude of Burgers vector, λ is
the effective inter obstacle spacing, r0 and ri is the outer and inner cut off radii
for matrix dislocation and are equal to diameter of obstacle ds and magnitude
of Burgers vector b, respectively. All the earlier mentioned parameters are known
from literature and experimental sources except the effective inter obstacle spacing
λ.
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Figure 2.8: Schematic diagram of a FCC unit cell showing (a) {100}circular
precipitate plate distribution and (b)projection of the intersected {100} plates
in a {111} plane of the matrix [61]
In a FCC system, the slip plane is {111} family of planes with slip direction of
<110>. Therefore, the uniformly distributed obstacles will form a triangular array
on the slip plane as shown in Figure 2.8. The effective inter obstacle spacing is
therefore given by,
λ = Lp − d (2.34)
=
1.075√
Nvds
(2.35)
=
(
0.779√
f
− 0.785
)
ds (2.36)
Lp is the mean centre to centre inter particle spacing, Nv is the number of obstacles
per unit volume, d is the mean planar diameter of obstacles and f is the volume
fraction of obstacles.
The obstacles will form triangular array at the slip plane in FCC structure, similar
to spherical ones if one assumes that the obstacles are plate shaped but of circular
cross section and distributed ideally in the centre of the each surface of a cubic
volume in the matrix. Considering {100} plate shaped obstacles, the habit plane
{100} will be at an angle of 54.74° with the matrix <111> slip plane and the
effective inter obstacle spacing is expressed as [61],
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λ = Lp − lp
2
−
√
3
2
tp (2.37)
=
1.030√
Nvds
− pidt
8
− 1.061tt (2.38)
Lp is the mean planar centre-to-centre inter-particle spacing, mean planar width
tp =
tt
sin54.74
= 1.225tt, mean planar length lp =
pidt
4
, tt is true thickness of the
plates.
Therefore, the Orowan equation for plate shaped obstacles in a FCC system can
be written as [61],
∆τp =
Gb
2pi
√
1− ν
(
1
0.931
√
0.306pidttt
f
− pidt
8
− 1.061tt
)
ln
1.225tt
b
(2.39)
Nie and Muddle [61] found a relationship of the diameter of the obstacles in spher-
ical and plate morphology considering constant volume of each obstacle (equation
2.40). They also found some interesting facts in case of FCC system like, change
in precipitate shape from sphere to plates results in higher number of particles in-
tersecting an unit area of slip plane and with increasing aspect ratio, the Orowan
strengthening increases for a matrix containing plate shaped precipitates compared
to spherical ones.
d(plate)
d(sphere)
=
(
2A
3
) 1
3
(2.40)
Here, d is diameter and A is aspect ratio of obstacle.
2.2.5.3 Distribution of particles
Almost all of the theories concerning precipitation strengthening assume uniform
distribution of spherical precipitates. Precipitation hardening depends on the
volume fraction of the particles i.e. how sparsely the particles are distributed
in the matrix. Nie and Muddle [64] observed that the hardness of a Mg-Ca-Zn
alloy increases with refined distribution of fine precipitates compared to matrix
associated with sparsely distributed coarse precipitates. The present case deals
Chapter 2 Literature review 27
Figure 2.9: Schematic representation of sheets of interphase precipitates [11]
with sub-nanometer sized interphase precipitates where the precipitates are aligned
in a systematic parallel array and therefore, the strengthening can’t be explained
by Orowan’s equation. Batte and Honeycombe [11] approached this situation and
modified Orowan’s condition for the case of interphase precipitates. A schematic
representation of the situation is shown in Figure 2.9.
The increase in strength due to systematic sheets of precipitates in given by [11],
∆σy =
MGb√
r1r2
(2.41)
where,
r1 =
ω2
d
+
pid
4
− d
psinθ
(2.42)
r2 =
S − dsinθ
sinφ
(2.43)
ω=inter-carbide spacing in a sheet, d = diameter of particles, p is the aspect ratio
(>1), and S = perpendicular sheet spacing, G is shear modulus, b is magnitude
of Burgers vector and M is the Taylor factor.
2.2.5.4 Coherency
According to Kelly and Nicholson, a fully coherent interface constitutes a common
atomic arrangement between the two crystals irrespective of the chemical identity
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of the atoms. Also, the atomic spacing in the common plane in the two structures
should be similar [65]. As the atomic spacing in the two different lattices will be
different, a completely coherent interface is possible only if the interfacial area is
sufficiently small so that the misfit between two lattices can be accommodated
with elastic strain energy. If the interfacial area is too large, dislocations will be
introduced in order to reduce the total strain and therefore, the interface will be
quasi-coherent in nature. Incoherent interface is defined By Kelly and Nicholson as
an interface where the dislocations are so closely spaced that they cannot be recog-
nized as separate defects [65]. Therefore, incoherent precipitates do not posses any
coherent interface with the matrix. Precipitates which are coherent to the matrix
essentially share an orientation relationship with the matrix [65]. Dislocations can
move through such precipitates, because, there is little difference in the lattice
structure between matrix and the precipitate. A semi-coherent precipitate will
have at least one interface which is coherent to the matrix. Necessarily these pre-
cipitates will also have an orientation relationship with the matrix. Therefore, one
cannot conclude about coherency upon observation of any orientation relationship
between matrix and precipitate.
According to Gladman, the coherency of the precipitates is determined by the
balance between their boundary energy, proportional to precipitate volume, and
energy of elastic distortion which is proportional to surface [23]. For a coherent
spherical precipitate of radius R, coherency will be destroyed if the boundary
energy of the precipitate is lower than the energy of elastic distortion as shown
below [66],
3GR3η2 > 4piR2γ (2.44)
R >
(
4pi
3
)(
γ
η2G
)
(2.45)
where, η is size factor, G is shear modulus and γ is the additional grain boundary
energy.
Nembach [67] proposed that the critical resolved shear stress due to incoherent
particles is a function of average particle size and volume fraction. He suggested
the following expression [67],
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τincoherent = 0.9
µ
4pi
√
1− ν
2b
ωLr¯
ln
2ωDr¯
b
×
[
ln(2ωDr¯/b)
ln(ωLr¯/b)
]1/2
(2.46)
Mohles studied dislocation interaction with particles incoherent to the matrix
through simulation methods [67]. Due to incoherency to the matrix, even the
smaller particles cannot be sheared by dislocations.
2.2.6 Addition of strengthening contributions
In this section, addition rules for contributions from different kinds of strengthen-
ing are discussed. Firstly, superposition of strengthening due to a matrix contain-
ing particles of different strength is discussed and secondly, addition of strengthen-
ing of different kinds such as solid solution hardening and precipitation hardening
is reviewed.
2.2.6.1 Matrix containing different kind of precipitates
In a precipitation hardened system, the strength and nature of the precipitates on
the slip plane may be different. Several addition rules are proposed by different
researchers in order to evaluate total contributions from different kinds of precip-
itates in an alloy. Considering two kinds of precipitates of strength βc1 and βc2
in a precipitation hardened alloy and assuming the two kinds of precipitates con-
tribute τc1 and τc2 strength, the expression for total contribution from precipitation
hardening is discussed by Brown and Ham [68],
τc = τc1 + τc2 (2.47)
τ 2c = τ
2
c1 + τ
2
c2 (2.48)
τc = (τ
2
c1X1)
1/2 + (τ 2c2X2)
1/2 (2.49)
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where, X1 = ns1/ns and X2 = ns2/ns = 1−X1. ns is number of particles per unit
area and ns1 and ns2 are number of particles of strength βc1 and βc2 per unit area
on the slip plane.
Labusch proposed superposition law of following type [39],
τ 3/2c = τ
3/2
c1 + τ
3/2
c2 (2.50)
Equation 2.50 is restricted to mixture of two different types of diffused obstacles
[57].
Another kind of superposition rule is given by Bu¨ttner and Nembach [69] and
Neite et al [70],
τ qc = τ
q
c1 + τ
q
c2 (2.51)
where, q is adjustable parameter. Equation 2.51 may be considered as the gen-
eralized interpretation of Equations 2.47, 2.48 and 2.50, where 1.0 ≤ q ≤ 2.0
[57, 71–73].
Foreman and Makin [74] used computer simulation experiments and compared
precipitation strengthening response with Equations 2.47, 2.48 and 2.49. They
found that for weak obstacles, the Pythagorean law of superposition (Equation
2.48) best represents the generated data. Later Hanson and Morris validated
the same [75]. On the other hand, for a system having small number of strong
particles mixed with more number of weak obstacles, linear law (Equation 2.47)
best represents the data [57]. Huang and Ardell [76] used Equation 2.51 with
different values of q on Al-Li alloys for two different type of precipitates and found
satisfactory representation of data at a value of q = 1.4 in the underaged alloys,
whereas in peak aged alloys, the data is best represented if q is ranged between
1.4 and 1.7.
2.2.6.2 Addition rule for different kinds of strengthening
Equation 2.51 may be applied for superposition of different kind of strengthening
in an alloy by varying value of q. Lilholt and Kocks discussed the superposition
law for solid solution strengthening and dispersion hardening and they proposed
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that the contribution from solute atoms can be assumed as frictional stress, con-
sidering those are relatively weak obstacles [57, 72, 77]. In that case the solid
solution strengthening and dispersion hardening should be linearly additive, that
is q = 1. Ebeling and Ashby demonstrated that a linear addition rule works for
superposition of solid solution strengthening and dispersion hardening (hardening
by coherent SiO2 particles)in internally oxidised Cu-Si-Au alloys [57, 71]. On the
contrary, Nembach and Martin suggested that the Pythagorean superposition law
is more accurate compared to linear law [78].
From the results of computer simulations by Foreman and Makin [74], it is evident
that the value of q in Equation 2.51 depends on the strength of the obstacles. In
a computer simulation study, for a mixture of strong and weak obstacles, value of
q is found to be higher than 1[79]. However, most of the researchers considered
the parameter q as a fitting parameter to the data generated in their experiments
without explaining its physical significance[44]. Lagerpusch et al. determined the
value of q based on the temperature dependence of critical resolved shear stresses
(CRSS) due to solid solution strengthening (τss) and precipitation hardening (τp)
in a Cu − Au − SiO2 system[73] similar to that studied by Ebeling and Ashby
[71]. They found non-linear superposition law for solid solution and dispersion
strengthening in contrary to the results found in earlier studies [73]. The reduced
CRSS is defined by [73],
τ ∗p = τp/KEg (2.52)
where, KEg is defined as the geometric mean of the elastic pre-factors of the line
energy parameters of edge and screw dislocation and given by [73],
KEg = [KE(θ = 0).KE(θ = pi/2)]
1/2 (2.53)
E(θ) = KE(θ)b
2 ln
ro
ri
(2.54)
where, E(θ) is dislocation line tension, b is magnitude of the Burgers vector, ro
and ri are the outer and inner cut off radius of the dislocation, respectively and θ
is the angle between the Burgers vector and dislocation line.
32 Chapter 2 Literature review
Now, optimum value of q is predicted by [73],
∆q =
[∑3
i=1
[
τ ∗p (q, Ti)− τ¯ ∗p (q)
]2]1/2
τ¯ ∗p (q)
(2.55)
where, T is the temperature and 1 ≤ T ≤ 3 and
τ ∗p (q, T ) =
(
τt(T )
q − τ qss(T )
)1/q
KEg(T )
(2.56)
Here, τt is total strengthening and τss is solid solution hardening. Lagerpusch et
al. calculated the value of q in Cu-Au-SiO2 system as 1.8 [73] while considering
the effect of lattice and modulus mismatch of SiO2 particles.
Recently, de Vaucorbeil et al. developed a new expression for the exponent q using
areal glide model of dislocations and predicted the strengthening in an Al-Mg-Sc
alloy [44]. In a matrix with randomly distributed two kinds of particles, they
found a good agreement with simulated data when using the empirical equation
to evaluate q [44],
q = 1 + e−β(φ1c+φ2c)
δ(φ1c−φ2c)2m (2.57)
where, β, δ and m are adjustable parameters, φ1c and φ2c are dislocation breaking
angles (as defined in Figure 2.2) for the two kinds of particles. In case of three
kind of obstacles in same matrix, a two step process is adapted. First, two kind
of obstacles are counted and effective stress is calculated as [44],
τ ∗1∪2 =
[(
τ ∗1
√
X1
X1 +X2
)q
+
(
τ ∗2
√
X2
X1 +X2
)q]1/q
(2.58)
q = 1 + e−0.1(φ1c+φ2c)
δ(φ1c−φ2c)2 (2.59)
Therefore, the overall strength is [44],
τ ∗n = (τ ∗1∪2
√
X1 +X2)
n + (τ ∗3
√
X3)
n (2.60)
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where, X1 = N1/N , X2 = N2/N , X3 = N3/N , N1, N2, N3 are number of the three
kinds of particles, N is total number of particles and n is the determined as [44],
n = n23 +
(
n13 − n23
√
1− 2
pi
arctan
X2
X1
)2
(2.61)
nij = 1 + e
−0.1(φic+φjc)δ(φic−φjc)2for all ij in {123} (2.62)
Based on Equations 2.58 and 2.61, de Vaucorveil et al. derived flow stress as [44],
σ = [(σqss + σ
q
ppt)
n/q + σndis]
1/n (2.63)
where,
q = 1 + e−0.1(φss+φppt)
δ(φss−φppt)2 (2.64)
n = nppt+dis +
(
nss+dis − nppt+dis
√
1− 2
pi
arctan
ρppt
ρss
)2
(2.65)
nss+dis = 1 + e
−0.1(φss+φdis)δ(φss−φdis)2 (2.66)
nppt+dis = 1 + e
−0.1(φppt+φdis)δ(φppt−φdis)2 (2.67)
ρss and ρppt are the areal densities of the solid solution atoms and precipitates,
respectively. However, density of precipitates is negligible compared to density of
solid solution atoms and therefore, Equation 2.65 can be approximated to n ≈
nss + ndis. As stated by de Vaucorbeil et al., the parameter n therefore depends
on the dislocation breaking angles of solute atoms and forest dislocations and
same for all aging conditions [44]. They calculated the work hardening according
to the Kocks-Mecking model [80] and all three strengthening contributions, the
expression for flow stress is given as [44],
σ(p) = [σdis(p)
n + (σqss + σ
q
ppt)
n/q]1/n (2.68)
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where, p is the plastic strain. de Vaucorbeil et al. predicted the strength of a
Al-Mg-Sc alloy using Equation 2.68 and found good agreement with experimental
data [44].
2.3 Precipitation behaviour in steel
The solubility of alloying elements forming carbides is comparatively higher in
austenite than that in ferrite [81]. Therefore, it is possible to redistribute the
precipitates in the matrix by means of controlled cooling rate or isothermal holding
from the soaking temperature. The process of precipitation then may commence
in austenite, during the austenite to ferrite phase transformation or in ferrite.
The extent and the nature of the precipitates depends on the exposure time and
temperature of transformation [23]. Undissolved carbides/carbonitrides act as
obstacles during grain growth at elevated temperature [23]. The following section
discusses the precipitation behavior associated with various allotropic phases in
microalloyed steels.
2.3.1 Precipitation in austenite
Precipitation in austenite may occur either during slow cooling or isothermal hold-
ing at a temperature range where the predominant phase is austenite. The extent
of dissolution of carbides/carbonitrides depends on the soaking temperature, soak-
ing time and steel composition [23]. Enrichment of austenite with solute and par-
tial dissolution of the existing precipitates will ensure more number of precipitates
in the final microstructure upon cooling. However, it was found that, the precip-
itation process in austenite is slow in absence of any hot working and may take
several hours to start the process [23, 82, 83]. The precipitation kinetics increases
extensively with application of hot deformation due to the introduction of disloca-
tions and other defects that provide precipitate nucleation sites and therefore, the
kinetics increases rapidly [23, 84]. The precipitates formed at this stage are essen-
tially strain induced and therefore depends on the order of strain introduced to
the material prior to precipitation. Bhadeshia and Honeycombe [85] reviewed the
precipitation process in austenite for stainless steels and pointed out that the nu-
cleation of the precipitates are highly dependent on the number of microstructural
defects such as dislocations and grain boundaries.
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2.3.2 Precipitation during austenite to ferrite transforma-
tion
In microalloyed steels, the precipitation process during the austenite to ferrite
phase transformation are known as interphase precipitation [7, 86]. Honeycombe
and co-workers extensively studied interphase precipitation in Fe-C systems [9–
16, 87]. A comprehensive review can be found in [88]. The interphase precipitates
nucleate at the austenite-ferrite mobile interface during phase transformation [16].
As the interface moves to a new position, the nucleation cycle repeats itself and
therefore, periodic arrays of precipitates along the austenite-ferrite interface is
found in the resulting matrix [7, 81, 86]. Figure 2.10 shows typical microstructure
constituting interphase precipitates under transmission electron microscope. The
characteristics of interphase precipitates are [23]:
• The precipitate sheets/rows are parallel to the austenite-ferrite interface
• The precipitates nucleate at the austenite-ferrite moving interface during the
phase transformation
• The orientation relationship of the precipitates with ferrite matrix follows
only one variant of Baker-Nutting relationship. For example, VC precipitates
share the following relationship with ferrite [23],
{100}V C//{100}α
〈110〉V C//〈100〉α
2.3.2.1 Types and mechanism of interphase precipitation
Different kinds of interphase precipitation are reported, depending on the appear-
ance such as planar, curved, regular, irregular, fibrous and random [7, 16, 88].
However, mostly reported precipitates are found to be planar in nature and the
inter-sheet spacing is uniform in a steel with same processing conditions [88].
Davenport and Honeycombe [9] proposed that the precipitation takes place by
”ledge mechanism”, where the precipitates nucleate at the austenite-ferrite mobile
boundary during transformation. The precipitates subsequently pin the bound-
ary, which then locally breaks away, resulting in the formation of mobile ledges
[9]. Ricks and Howell proposed a ”bowing mechanism” to account for the pre-
cipitates occuring at the high energy boundaries [89]. This mechanism assumes
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(a) (b)
Figure 2.10: (a)Transmission electron micrograph of a Fe-0.75%V-0.15%C
alloy, isothermally transformed at 725 ℃, showing parallel arrays of vanadium
carbide precipitates [11](b)HAADF (High Angle Annular Dark Field) image of
(Ti,Mo)C interphase precipitates [94]
that the precipitates pin the interphase boundary they nucleated at, which then
bows until unpinning occurs [89]. However, the calculated critical particle spacing
[89] along a sheet required to operate the bowing mechanism generally found to
exceed than that measured experimentally [90]. There are also curved interphase
precipitates related to the curved incoherent boundaries, reported in Cr-V based
steels [88, 91]. Ricks and Howell explained it through the ”quasiledge mechanism”
where precipitation takes place at the curved, high energy interface boundary and
can effectively pin the interface, allowing the precipitate to grow enough to be a
stable one. The interface laterally traverse to be unpinned and can be repinned in
further advancement [91]. Fibrous nature of precipitates are observed in high car-
bon high alloyed steels [7, 92]. However, fine interphase precipitation of Mo2C was
also observed along with the fibrous precipitates. Edmonds [93] proposed a ”solute
drag” theory to explain the fibrous nature of the interphase precipitates in a V-
containing steel. The segregation of C and V atoms at the interface was assumed
to impart a drag, which slows down the advancement of the mobile boundary and
allowed precipitate nucleation and growth to take place. The solute concentra-
tion at the boundary is expected to deplete as the precipitate grows, lowering the
drag force to allow the interface boundary to move until the solute concentration
again builds up to decelerate its movement and the nucleation process is repeated.
Figure 2.11 shows the mechanisms of interphase precipitation proposed by various
researchers.
The interphase precipitation is a Ti-Mo steel has been studied by Yen et al. [95],
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who reported that the carbide sheet planes in that steel are oriented close to the
(211), (111) and (210) planes of ferrite (α). This is not consistent with the sug-
gested ledge mechanism for the planar interphase precipitates to be related to the
partially coherent interface 110α [13]. The results of Yen et al. [95] suggests that
the interphase precipitation may also occur on the incoherent interface through lat-
eral ledge propagation. Dunne suggested that the type of precipitates will depend
on the transformation temperature due to the fact that the nature of austenite/-
ferrite interface changes with the transformation temperature [88]. Incoherent
interface is predominant at higher transformation temperatures, whereas semi-
coherent interface is favoured at lower transformation temperatures. Therefore,
there will be a dominant form of precipitates although other kind of precipitates
can be found simultaneously in less amount. It is also suggested that the nucle-
ation of precipitates takes place on the static planar interface instead of, on the
moving steps. The precipitation process during ferrite transformation can be of
two types depending on the crystallographic relationship among austenite, ferrite
and the precipitates and explained by Ricks and Howell [91]. When the orientation
relationship between precipitate and ferrite is similar as austenite and ferrite, low
energy facets develop on both the austenite/ferrite and ferrite/precipitate interface
and this process lowers the critical energy required for stable nuclei formation. On
the other hand, when the precipitate and ferrite share an orientation relationship
other than that for ferrite and austenite, such as Baker-Nutting relationship (or
ferrite is not crystallographically related to austenite), the low energy facets form
at the precipitate/ferrite interface and the variant of the precipitate is controlled
by the angle formed between the facet normal and local austenite/ferrite inter-
face normal. As the angle becomes lower, the critical energy required for stable
nuclei formation will be lowered. Honeycombe concluded that the interphase pre-
cipitates exhibit only one variant of the Baker-Nutting relationship with ferrite
because out of the three possible variants only one can make smallest angle with
the interface and therefore maximises growth kinetics of the precipitates [16, 88].
The interphase precipitation is associated with coherent growth of ferrite related
to austenite by the Kurdjumov-Sachs relationship [16].
2.3.2.2 Interphase precipitation sheet/row spacing and distribution
The sheet spacing is reported to be related to the step height as the interface grows
through migration of steps [16]. Therefore, the sheet spacing is dependent on the
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Figure 2.11: Mechanisms of interphase precipitation proposed by various re-
searchers: (a) Schematic diagram of the mechanism of nucleation and growth of
precipitates at the γ/α interfacec [9, 13] (I) regular ledge heights and (II) irreg-
ular ledge heights; (b) Schematic representation of the bowing of the interphase
boundary between interfacially nucelated precipitates [89] (I) interface bows be-
tween particles (II) unpinning occurs when bowed segments are cemi-circular in
cross-section (III) interface advances and (d) precipitates nucleate and bowing
recommences; (c) Schemcatic diagram illustrating how a mobile interface which
has been pinned by precipitation (I) may act as a source of ledges by bowing
between widely spaced precipitates (II). This bulge would become repinned by
subsequent precipitation (III) forcing the end of the bulge to move sideways
(IV) [91]; (d) Schematic model of austenite decomposition [93] (I) interphase
precipitation (II) fibrous precipitation.
transformation temperature and steel composition [16]. Rapid rate of austenite
to ferrite transformation in V, Ti and Nb steels enables the final microstructure
having extremely fine precipitates. At higher transformation temperature and fur-
ther addition of alloying elements, the rate of transformation becomes slower and
therefore results into coarser precipitates. The rate of reaction also depends on
the alloying elements, for example in steels containing W and Mo, the transfor-
mation rate is slower compared to steels containing V, Nb and Ti [81]. In case
of continuous cooling, the interphase sheet spacing is reported to be related to
both the transformation temperature and ferrite growth [96]. Clark et al. [97]
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proposed that the sheet spacing is also related to the interfacial energy and inter-
facial segregation. Their model of the interphase reaction [97] correlated well with
the general decreasing trend of the sheet spacing with decreasing ferrite interface
velocity [98].
Yen et al. [95] reported that the sheet spacing is smaller than the inter-carbide
spacing in a Ti-Mo steel subjected to isothermal holding of 30 min. The carbides
on an individual sheet plane are found to appear dense at lower temperatures (in
a temperature range of 630-720 ℃) [95]. They suggested that due to increased
carbide nucleation driving force coupled with decreasing diffusion of the solute
elements at lower temperatures, the growth of the carbides are retarded and finer
carbide distribution is achieved [95].
2.3.3 Precipitation in ferrite
The precipitation of carbide/carbonitride is kinetically not feasible at lower trans-
formation temperatures although the process is thermodynamically favourable
[15, 16]. As a consequence, the resulting ferrite becomes supersaturated with
solute and precipitates out at later processing stages e.g. aging. This kind of
precipitation takes place in the dislocations that are formed due to volume change
during transformation [16, 23]. Interphase precipitates has also been observed in
the same microstructure along with the precipitates formed in ferrite during aging.
Honeycombe [16] suggested that during isothermal holding or continuous cooling,
depending on the driving force of transformation, ferrite can nucleate in a very
short time although the whole transformation process may not be complete within
that short period. As a result, the first formed ferrite nuclei may be supersatu-
rated in solute, while interphase precipitate can occur on the ferrite grains that
formed later [16]. Therefore, when the steel is subjected to aging treatment, the
microstructure may exhibit interphase precipitates as well as precipitates formed
during aging.
2.3.4 Stability of precipitates in ferrite
The carbides of Nb, Ti and V have been found to be stable over a wide temperature
range, although coarsening may take place with longer aging duration [16, 99,
40 Chapter 2 Literature review
100]. The row-like dispersion of the interphase precipitates in Fe-V-C and Fe-Ti-
C systems is found to disappear upon isothermal holding at the transformation
temperature for long time [13, 99, 100]. In a Fe-V-C system, the row structure
disappeared after 1 h aging at 725 ℃ [13, 99], while it was maintained in a Fe-
Ti-C system even after 40 h at 700 ℃, but lost on further 30 min holding at 800
℃ [13, 100]. These observations suggest that the critical time to loose the row
dispersion depends on the chemical composition and the isothermal transformation
temperature. The coarsening kinetics of the carbides in steels are represented by
the Lifshitz-Slyozov-Wagner theory [101, 102], where the change in the average
particle size follows a (time)(1/n) relationship,
r¯(t)n − r¯(0)n = K
RT
V 2mCDγt (2.69)
where, r¯ is the average particle radius at time t = 0, t; γ is the interfacial en-
ergy, D is the diffusivity and Ce is the equilibrium concentration of the solute
species; R is the gas constant, T is the absolute temperature and K is a con-
stant. The values of n is either 2 (interface-reaction-controlled) [102] , 3 (volume-
diffusion controlled) [101, 102] or 5 (dislocation-controlled) [103–105] depending
on the coarsening mechanism followed.
The precipitate coarsening in Fe-V-C and Fe-V-C-N systems were investigated by
Balliger and Honeycombe [15]. They reported that the particles follow a t(1/2)
relationship at the initial stages which shifted to a t(1/5) relationship upon fur-
ther holding at a temperature of 740 ℃ or 790 ℃. Their results suggested that
the particle coarsening is assisted by dislocation pipe diffusion in longer isother-
mal holding. Dunlop and Honeycombe [87] reported preferential coarsening of
the particles situated at disloations at longer isothermal holding times and the
particles showed an irregular distribition compared to the characteristic row-like
distribution of the interphase precipitates.
This coarsening process may be reduced by introducing multi-element precipitates.
Dunlop [14] and Ballinger [15] demonstrated that coarsening of vanadium carbide
can be reduced by introduction of Ti and/or N in the structure, thus forming
vanadium titanium carbide or vanadium carbonitride. The coarsening behaviour
of vanadium containing laboratory scale alloy is shown in Figure 2.12. It has been
proposed that solubility of the multi-element carbide or carbonitride in ferrite is
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Figure 2.12: Coarsening behaviour of Fe-0.26V-0.02C-0.022N at 790 ℃ and
740 ℃; semi-log plot of mean particle size vs time [15]
lower than vanadium carbide and as a result, fine and stable precipitates can take
place [15, 16, 87].
Recently Seol et al. [106] studied the coarsening of carbides formed on grain
boundaries in a Ti-Mo-V steel and reported the precipitates exhibit a Mo,V-rich
shell with a TiC-rich core, suggesting relatively low diffusion of Ti at the inter-
face. From the Equation 2.69 it is clear that the coarsening kinetics of the particles
are controlled by the diffusion of the solute species. Considering the precipitates
reported in [106] are primarily titanium carbide, the diffusion of Ti at the matrix-
particle interface can be the rate controlling step. Therefore, the presence of a
Mo,V-rich shell retards/lowers the diffusion of Ti, effectively reducing the coars-
ening rate. In summary, the coarsening rate of the multicomponent carbides is
slower compared to single carbides at elevated temperatures.
2.3.5 Early stage solute atom clustering
In many non-ferrous systems, the precipitation process is reported to be preceded
by the formation of solute atom clusters that assist in the nucleation of second-
phase precipitates [47, 107–109]. The clusters may also assist the nucleation of
the final precipitate phase [50]. In ferrous systems, clustering of solute atoms
has been extensively studied in neutron irradiated reactor pressure vessel (RPV)
steels [110–113] and oxide dispersion strengthened (ODS) steels, currently known
as nanostructured ferritic steels [114–118]. The Cu-enriched clusters or precipitates
formed as a result of irradiation damage are responsible for embrittlement in RPV
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steels [110]. On the contrary, the high strength and creep resistance in ODS steels
are attributed to the large number density of nanoclusters [114]. Nanoclusters of
diameter 2-4 nm have been reported in ODS steels, which have a composition
different from the stoichiometric oxide phases [116]. However, unlike many non-
ferrous systems, the clustering phenomena observed in RPV and ODS steels are
not an early stage of stable precipitate formation. On the other hand, early stage
clustering and precipitation processes have been extensively investigated in dif-
ferent grades of maraging steels [119–121] and formation of Nb-rich clusters have
been recently reported in Nb-microalloyed ultra-thin CASTRIP® steels [122–125],
where a substantial strengthening response (increase in yield strength from ∼ 475
to 640 MPa, after aging at 700 ℃ for 4 min) has been achieved due to cluster
strengthening [123]. Presence of nano-clusters alongside precipitates is reported
in a Ti-Mo steel system by Mukherjee et al. [126, 127] and Timokhina et al. [128].
However, the strengthening aspect of the clusters in the Ti-Mo steels is not clear
from the literature.
2.4 Titanium and molybdenum as microalloying
elements
Microalloying elements like Nb, Ti, V and Mo are added in order to achieve finer
grain size in the final microstructure. These elements dissolve in austenite at a
higher temperature and upon cooling, may precipitate in the form of carbides,
nitrides or carbonitrides, which assist in arresting the grain boundaries. The
extent of ferrite strengthening depends on the size and volume fraction of the
precipitates and therefore, the solubility of these elements in austenite and ferrite
is a key factor in the precipitation process. Present study deals with microalloyed
steels containing different amount of Ti and Mo. Therefore, the role of these two
constituents as microalloying elements has been discussed.
2.4.1 Titanium
As a microalloying element, Ti may precipitate as nitride (TiN), carbide (TiC) or
complexes like titanium carbosulphide (Ti4C2S2) or titanium carbonitride(Ti(C,N))
[129]. TiN and Ti4C2S2 precipitate at higher temperatures such as 1500 ℃ and
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1200 ℃, whereas, TiC precipitates at 1000 ℃ [130]. The formation of TiN is also
beneficial as it removes nitrogen from solid solution at an elevated temperature
and therefore, initiation of grain boundary embrittlement is prevented [23, 131].
Medina et al. showed that Ti:N ratio close to 2 was required for optimal precipi-
tation of TiN in order to arrest austenite grain boundaries in a C-Mn-Al-Ti steel
subjected to hot working or welding [132].
TiN found to be the most stable precipitate of Ti, even at lower alloying addi-
tions, whereas, the other forms of carbides and nitrides have lower dissolution
temperatures [133]. However, TiN particles are found to be coarser compared to
globular shaped TiC or Ti(C,N) particles and therefore less suitable for precipi-
tation strengthening. Also, coarser TiN particles may act as fracture nuclei and
trigger cleavage fracture, lowering the impact toughness [134]. In Nb-Ti contain-
ing steels, complex carbonitrides like (Ti,Nb)(C,N) were reported [135]. These
complex carbonitrides may exhibit core-shell structure with TiN at the core and
enriched Nb at the shell/cap region. The exact composition of the shell at lower
transformation temperatures depends on the average steel composition. It may
vary among Nb(C,N), NbC and (Nb,Ti)C as N and Nb content reduces and Ti
content increases. Preferred formation of Ti4C2S2 instead of MnS is reported to im-
part improved cold formability and toughness isotropy as titanium carbosulphide
is less prone to be elongated due to high hardness compared to MnS [136]. Also,
Ti4C2S2 is believed to improve hot ductility at higher temperatures by removing
S atoms from solution [131].
In a study carried by Soto et al., TiC particles (average diameter < 10 nm) are
reported to be the most influential factors in the precipitation strengthening of
Ti containing DP steels [129]. Xu et al. [130] studied the influence of Ti on the
yield stress in Ti-microalloyed steel and concluded that yield stress increases with
increasing Ti content in a range of 0.04% to 0.07%. They also concluded the
increase in yield stress is solely due to the precipitation hardening as no alteration
in microstructure was observed [130]. A study carried out on Ti-Mo microalloyed
steel by Funakawa and co-workers [6] similarly concluded an increase in yield stress
with increasing Ti content upto 0.09%. Additionally, it was reported that further
increase in Ti content resulted into saturation in the yield stress [6]. In both
the studies mentioned above, %elongation found to be decreasing with increasing
Ti content. Figure 2.13 shows effect of Ti on yield stress and %elongation in
Ti-microalloyed steel and Ti-Mo microalloyed steel [6, 130].
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Figure 2.13: Effect of Ti content on yield stress (a,c) and %elongation (b,d)
in Ti-microalloyed steel and Ti-Mo microalloyed steels, respectively [6, 130]
2.4.2 Molybdenum
Molybdenum acts as solute atom in a steel containing solely Mo and if any other
microalloying element is present, it may co-precipitate with that species [137].
There are several studies on the effect of Mo in different steel systems. Akben et
al. [138] investigated the effect of Mo on the precipitation behaviour in Nb-Mo
and Nb-Mo-V systems and proposed that Mo delays the precipitation of Nb(C,N)
particles due to its ability to increase solubility of carbides and carbonitrides at
high temperature. They suggested that Mo decreases activity of the other car-
bide forming elements [138, 139]. Andrade et al. [140] demonstrated that at high
temperatures, strengthening effect due to Nb is highest followed by Mo and V.
L’ecuyer et al. studied a C-Al-Mo steel using different thermomechanical con-
ditions and observed precipitation of Mo-rich particles (MoxCy) under different
amount of deformation and strain rates. In certain cases, Mo+Ti-rich particles
were also observed as small amount of Ti was present in the system [137]. They
proposed that the relative amount of Mo-rich particles depends on the strain rate
[137]. Both M2C and MC type Mo-rich precipitates were observed in Nb-Mo
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HSLA steels [141], where M2C precipitates were bigger size (>20nm) compared to
finer MC type of carbides (2-30nm). Lee et al. [141] observed an increase in the
number of MC type carbides with increasing Mo content and proposed that Mo
prevents annihilation of dislocations and therefore, number of carbide nucleation
sites increases with increasing Mo. Several agreement to this fact can be found in
the existing literature [142, 143]. Uemori et al. [142] applied AP-FIM method for
studying the effect of Mo in a Ti-Nb-Mo steel and suggested that due to segre-
gation of Mo atoms at the Nb(C,N) particle-matrix interface, Nb diffusion in the
particle from matrix was suppressed, leading to fine particle size. Jang et al. [144]
analysed this situation in (Ti,M)C precipitates (M = Nb, V, Mo and w) through
first principles calculation. According to them, effect of Mo in (Ti,Mo)C system
is three fold,
1. Partial replacement of Ti with Mo reduces the interfacial energy of the sys-
tem.
2. Mo atoms participate in the (Ti,Mo)C precipitation at early stages of nucle-
ation when reduction of interfacial energy is crucial for motivating precip-
itate nucleation. In coarsening/ growth stage, diffusion of Ti becomes the
rate controlling step.
3. Partial replacement of Ti with Mo in the precipitate lattice will decrease
equilibrium concentration of Ti in matrix right at the initiation of particle
coarsening and eventually the situation will assist in reducing the coarsening
kinetics of the precipitates.
In a recent study carried out by Enloe et al. [145] in a Nb-Mo-Ti steel, Nb-rich
precipitates with elevated Ti content at the core and increased Mo concentration
at the particle-matrix interface were reported. They proposed that because of the
high solubility of MoC carbides in austenite at higher temperature, Mo atoms are
likely to be incorporated at the particle-matrix interface at lower temperatures
[145]. For the same reason, significant incorporation of Mo in the precipitates is
expected in the ferrite regime as compared to that in austenite. They also ob-
served that Ti and Mo content in the precipitates were function of particle diam-
eter. Smaller particles were found to be enriched with Mo and comparably higher
amount of Ti was found in bigger particles [145]. Recent study on a Ti-Mo-V steel
system also reported small particles of less than 0.5 nm diameter to be enriched
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in Mo compared to Ti-rich larger particles [106]. This can be explained based on
solubility of these two elements. Smaller particles formed at lower temperatures
and therefore enriched with Mo and the opposite is true for bigger particles en-
riched with Ti. In conclusion, Enloe et al. contradicted the previously reported
hypothesis about Mo retarding coarsening of carbides/carbonitrides in austenite
through segregation at the particle-matrix interface although it was agreed that
incorporation of Mo as carbide might reduce the overall driving force for particle
coarsening [142].
Recent development of Ti-Mo containing microalloyed steel [5, 6] renewed interest
in the field of interphase precipitation due to the steel’s incredible strengthening
from precipitates along with high stretch flangeability. Stretch flangeability is an
important design parameter used in automotive industry as it gives an estimation
of edge crack resistance of the material during deformation. Seto et al. [5] demon-
strated that up to 100% HER is achievable in the Ti-Mo steels. The (Ti,Mo)C
particles formed as interphase precipitates greatly contributed (∼ 300 MPa) to the
overall steel strength [5]. In similar steel systems, the precipitation strengthening
contribution was reported to be even more: ∼ 417 MPa [95] and ∼ 430 MPa [146]
isothermally held at 630 ℃ and 600 ℃ temperatures, respectively. Mukherjee et
al. [126, 127] reported the presence of nano-clusters in a Ti-Mo steel with a com-
position similar to [6] and suggested possible strengthening from the clusters also
contributes to the overall steel strength.
2.5 Summary
Significant strength in microalloyed steels is achieved through interphase precip-
itation. Considering high cost of most of the microalloying elements, researchers
in this field always attempted to develop steels that are economically viable and
therefore, applicability of the different elements were analysed by investigators.
Titanium, due to its considerable lower cost, is accounted as a potential element
for this purpose. In this context, recent development of Ti-Mo steel is notable in
automotive sector due to its simplicity in industrial production, lower cost and de-
sired mechanical properties like high strength and good stretch flangeability [5, 6].
Titanium carbide is known to be extremely stable even at the elevated temper-
atures [147]. The partial replacement of the stronger carbide forming elements
by Mo in the carbide lattice is assumed to retard the coarsening kinetics even
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at long isothermal holding times [141, 142, 144, 145], making the steels suitable
for industrial production. The estimated strengthening from the precipitates were
reported to be more than 300 MPa in lower isothermal transformation temper-
atures (600 - 700 ℃), also suggesting the precipitation strengthening is greatest
amongst the different strengthening mechanisms [6, 95, 146]. Although a large
contribution from precipitates in the Ti-Mo steels is evident from the recent liter-
ature, the effect of Mo on the precipitation behaviour is still not well understood.
Particularly the distribution of various solute atoms in the precipitates is a key
factor in understanding the precipitation evolution in the steels. Recent literature
suggesting presence of solute atom clusters along side precipitates opened a new
direction to the interphase precipitation process [126–128]. However, there is a
lack of quantitative information regarding the cluster type, number density and
size distribution, which may assist in understanding their role as a strengthening
contributor and also as a precursor phase to the final precipitates in microalloyed
steels.

Chapter 3
Aims and scope of the thesis
The aim of the present thesis is to understand the effect of Mo on the microstruc-
tural evolution in Ti-Mo steels with an emphasis on the evolution of precipitates
during the austenite to ferrite transformation and in ferrite, as a function of various
thermomechanical processing conditions. Specifically, the proposed investigation
includes the evolution of precipitate number density, size and chemical composition
with respect to isothermal holding (simulated coiling) time. It is also proposed to
investigate possible solute clustering at the early stages of precipitation, in order
to study their potential role in assisting the precipitation process.
Multi-component carbide particles in steels are reported as more resistant to coars-
ening compared to single element carbides in the literature. Therefore, the chem-
ical composition of carbides is an important factor in their coarsening kinetics.
The present thesis will investigate the evolution of chemical composition in the
carbides as a function of coiling time and steel chemistry in terms of solute element
concentration. For this purpose the chemical composition of the steels (Ti and Mo)
will be varied along with the holding time at a selected coiling temperature.
The quantitative assessment of the precipitate evolution (in terms of their shape,
size, chemical composition, distribution and crystallography) in Ti-Mo microal-
loyed steels requires advanced characterisation techniques owing to their small size
(in nm level). Few techniques such as conventional and high resolution transmis-
sion electron microscopy, small angle scattering and atom probe tomography could
match the requirements. However, conventional transmission electron microscopy
may exhibit limited resolution in ferritic steel specimens due to the magnetic sam-
ples interfering with the electromagnetic lenses in the TEM column. Although
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precipitates extracted on a replica minimises such interference, the information
about the precipitation distribution is often lost on the replicas. Therefore, in
the present case the small angle neutron scattering and atom probe tomography
techniques are more suitable for quantitative analysis of the precipitates in terms
of their size, number density and distribution. Particularly, one of the objective
of this thesis is to study the early stage solute atom clustering, which requires
in-depth analysis to identify the small solute fluctuations in the steels and differ-
entiate them from the random solute fluctuations inherent to the matrix. Atom
probe tomography is therefore better suited for this purpose.
The results of the present thesis will deliver a fundamental understanding of the
role of Mo in the microstructural and precipitate evolution in Ti-Mo steels, thereby
assisting in the design of chemical composition required to achieve a desired range
of properties based on application. Although the possibility of solute clustering is
investigated in the present work, understanding their actual role as a strengthening
contributor is beyond the scope of the present thesis.
Chapter 4
Materials and Methods
4.1 Alloy selection
The composition of the steels (in wt.% and at.%) used in the present investigation
is shown in Table 4.1. The four compositions are designated as steels A, B, C and
D. One of the primary interest of the present work is to study the role of Mo in the
precipitation process. For this purpose, the total amount of the carbide forming
elements (Ti+Mo) in steels A, B and C is kept in the range of 0.24-0.27 at. %
while varying the individual concentration of the elements. The Mo concentration
in steel D has been increased to 0.2 at. %, while keeping the Ti content same as
steel C.
Table 4.1: Chemical composition of steel
Element Steel A Steel B Steel C Steel D
wt.% at.% wt.% at.% wt.% at.% wt.% at.%
C 0.04 0.19 0.04 0.19 0.04 0.15 0.06 0.28
Si 0.27 0.54 0.39 0.78 0.25 0.43 0.38 0.75
Mn 1.51 1.53 1.6 1.62 1.52 1.5 1.62 1.64
Ti 0.23 0.27 0.17 0.197 0.10 0.114 0.09 0.114
Mo <0.002 0.001 0.09 0.05 0.22 0.116 0.39 0.23
Al 0.03 0.06 0.01 0.02 0.04 0.07 0.002 0.004
Steels A, B and D have been produced in-house which were melted in an induction
furnace under Ar atmosphere in the temperature range of 1500-1600 ℃. Amounts
of Ti and Mo were calculated according to the nominal composition and added to
the steel melt in a progressive manner. The melt was then poured into a crucible
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kept at the similar temperature range and chilled cast into 14 kg rectangular
moulds. Steel C has been collected from Tata Steel (UK), where it was produced
in an air induction furnace. The as-cast ingots were cut into sections of 90 mm ×
90 mm × 20 mm, which were then hot rolled to a thickness of 12 mm between 1200-
1100 ℃ temperature in two passes with 20 % and 25 % reduction, respectively.
4.2 Material processing
Cylindrical specimens of diameter 10 mm and height 15 mm have been prepared
from the hot rolled (HR) plates for thermomechanical processing, with their longi-
tudinal axis along the transverse direction of the HR plate. The schematic diagram
of a standard specimen is shown in Figure 4.1. Prior to the thermomechanical pro-
cessing, boron nitride as a lubricant has been applied on both the top and bottom
surfaces of the samples to reduce shear stresses caused by friction. The temper-
ature has been controlled by inserting a thermocouple at the bottom end of the
sample (as shown in Figure 4.1). The heating and cooling rates have also been
recorded from the readings of that thermocouple.
10 
15 
1
Thermocouple drill hole
TOP VIEW
SIDE VIEW
HALF SECTION
ALL DIMENSION IN mm
NOT TO SCALE
A
A Rolling direction
Figure 4.1: Schematic diagram of a standard axisymmetic specimen.
Chapter 4 Materials and Methods 53
The thermomechanical processing (TMP) conditions for steel C was adapted from
[17], since the steel compositions are similar. For steels A, B and D, the TMP con-
ditions were chosen based on the dilatometric experiments described in Appendix
A. An austenitising temperature of 1200 ℃ , that reported to be above the disso-
lution temperature of the carbides in the Ti-Mo steels [126], was selected for the
present work. The samples were austenitised for 3 minutes followed by hot com-
pression at a temperature of 890 ℃. Since the objective of the present work is to
compare the micro and nano-structural evolution amongst the four compositions,
the TMP schedule was kept similar for all the steels. The TMP tests were carried
out in a Servotest Thermo-Mechanical Test System (TMTS) instrument, which is
a computer-controlled thermomechanical simulator with maximum load capacity
of 500 kN. Various important parts of the instrument has been highlighted in Fig-
ure 4.2. The robot arm holds the specimen in place and also controls its movement
during testing. A closer look of the robot arm holding the specimen is shown in
Figure 4.3(a). For the present work, stainless steel grippers have been used on
the robot arm for properly holding the samples at high temperatures (>500 ℃).
In the test furnace the specimens are deformed with the help of servo-hydraulic
ram. The movement of the servo-hydraulic ram is controlled by wedge mechanism
which ensures precise achievement of very high strain rates at a given strain. The
test furnace heats up the deformation tools to maintain the same temperature
as the specimen during deformation. SiAlON ceramic tools have been used for
deforming the specimens in the present work (Figure 4.3(b)). These tools are ca-
pable of working at higher temperatures (>500 ℃). Apart from the deformation,
all the thermal steps, including the heating and cooling profiles are maintained
in the induction furnace. It is possible to attain the required heating and cooling
rates in the induction furnace, with the help of air, mist or quenching in water,
integrated into the cooling system.
All deformations were performed with a strain rate of 1 s−1. The specimens were
cooled to the simulated coiling temperature range of 650-675 ℃ and isothermally
held for different amount of time to study the variation in the microstructure. The
simulated coiling temperature is hereafter referred to as coiling temperature. The
amount of deformation was also varied. Figure 4.4 shows general TMP schedule
of the steels.
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induction furnace
robot arm
specimen
test furnace
Figure 4.2: Various parts of a Servotest instrument.
(a) (b)
specimen
SS grippers
Figure 4.3: (a) robot arm holding the axisymmetric specimen (b) SiAlON
ceramic tool attached to the toolpost.
4.3 Optical microscopy
Optical microscopy specimens from the TMP samples have been prepared by
mounting and subsequently grinding to 1200 grit paper followed by polishing
with polycrystalline diamond suspension (up to 1 µm) using a Tegra-Force semi-
automatic polishing unit. The samples are etched with 3% nital solution (nitric
acid in ethyl alcohol) to reveal the microstructure. Optical examinations of the
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Figure 4.4: Thermomechanical processing schedule of the steels.
microstructure have been carried out on a Olympus PMG 3 reflected light micro-
scope, equipped with Olympus DP10 digital camera. Quantitative metallography
has been performed using the freeware, ImageJ, and commercially available soft-
ware, MATLAB. At least 100 grains have been investigated in each specimen.
4.4 Hardness
The hardness values of the steels were obtained from a Vickers hardness testing
machine. A load of 10 kg with a dwell time of 10 seconds has been used for
measuring the hardness. An average was taken from at least five measurements
per specimen.
4.5 Transmission electron microscopy
Thin foils from the TMP samples were prepared for observing under transmis-
sion electron microscope. Slices (thickness about 0.3-0.5 mm) have been cut from
the central region of the TMP specimens using the multi-cut facility of a Struers
Accutom-50 cutting equipment. The slices were then carefully grounded up to
1200 grit paper to reduce the thickness to 100-300 µm. Discs of 3 mm diameter
have been prepared from those slices using a Gatan hole punch, which were further
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reduced to a thickness of 70-90 µm. The thin discs were then subjected to elec-
tropolishing in 5% perchloric acid in methanol solution, using a twin-jet Struers
Tenupol unit, operated at 30V. The temperature of the bath was kept in the range
of -20 ℃ to -30 ℃, maintained by liquid nitrogen. After perforation on the foil,
it was removed from the polishing unit and washed carefully with methanol and
dried in air.
The prepared thin foils were then observed under a Philips CM20 transmission
electron microscope (TEM) equipped with LaB6 filament operating at 200 kV.
Both bright and dark field imaging modes were performed to observe the mi-
crostructure. Selected area diffraction patterns (SADP) were collected from areas
of interest to identify the underlying phases. All the images were captured using
a Veleta CCD camera attached to the microscope.
4.6 Small angle neutron scattering
Small angle neutron scattering (SANS) is a powerful technique for investigating
microstructural and nano-structural features in metallic materials, polymers, bio-
logical specimens and geological samples. An extensive overview about the whole
technique and data analysis procedures can be found in [148].
In the case of ferritic steels, SANS is particularly advantageous over small an-
gle x-ray scattering as ferrous base metals absorb most x-rays whereas neutrons
are easily transmitted [149]. Furthermore, neutrons provide magnetic contrast in
case of precipitates non-magnetic in nature. Application of a magnetic field over
a particular direction will therefore saturate the ferromagnetic matrix, creating
strong magnetic contrast in the direction perpendicular to the applied magnetic
field [150]. However, the precipitates, if magnetic in nature, will behave similar
to the ferritic matrix on application of the magnetic field and hence provide no
contrast.
The basic principle of SANS and a short description of the instrumentation, spec-
imen preparation and experimental set up is presented in the following sections.
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Figure 4.5: The geometry of scattering experiment [152]
4.6.1 Working principle
Small angle neutron scattering follows the theory of elastic scattering. In this
case, the incident neutrons are scattered by the nuclei in the sample. Some of the
incident radiation is scattered by the sample, while some parts can be absorbed
and transmitted. The scattered radiation is recorded by a detector of dimension
dx × dy placed at a distance (L) from the sample. The flux of the radiation
scattered into a solid angle element, ∆Ω (= dxdy/L2) of the detector is then given
by[151],
I = I0 ×∆Ω× η × T × V × ∂σ
∂Ω
(q) (4.1)
where, I0 is the incident radiation, η is the detector efficiency, T is the sample
transmission, V is the volume of the sample illuminated by the incident radia-
tion and q is the scattering vector. The term ∂σ
∂Ω
(q) is known as the differential
scattering cross-section.
The scattering cross-section is the parameter that is measured in a SANS experi-
ment. The differential cross-section is defined by (Figure 4.5)[152],
∂σ
∂Ω
=
number of neutrons scattered per second into ∂Ω in direction θ, φ
Φ∂Ω
(4.2)
In SANS experiments the differential cross-section is given by [148, 151, 152],
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∂σ
∂Ω
(q) = Np × V 2p × (∆ρ)2 × P (q)× S(q) +Binc (4.3)
where, Np is the number of scattering bodies, Vp is the volume of one scattering
body, (∆ρ)2 is the scattering contrast of the scattering bodies, P (q) is form factor,
S(q) is structure factor and Binc is the incoherent background signal.
Several terms of Equation 4.3 are explained in the following sections for clarity.
4.6.1.1 Scattering length density
If in a volume V¯ , the number of atoms of a particular type is n and bi is the
scattering length of that particular atom type, then the scattering length density
(nuclear or magnetic) is given by [152],
ρ =
∑n
i bi
V¯
(4.4)
The scattering contrast is defined as,
(∆ρnuc/mag)
2 = (ρ
nuc/mag
1 − ρnuc/mag2 )2 (4.5)
where, ρ1 and ρ2 are the nuclear or magnetic scattering length densities of the body
of interest and the surrounding matrix, respectively. For ferritic steels, assuming
the precipitates are non-magnetic, the the magnetic scattering contrast will only
depend on the magnetic ferritic matrix. The event when the term (∆ρ)2 becomes
zero, is termed as contrast match. This is particularly useful in multi-component
systems, where the SANS pattern can be simplified by contrast match [151].
4.6.1.2 Scattering vector
The scattering vector (q) is defined as[152],
q = ki − ks = 4pi
λ
sin θ (4.6)
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where, ki and ks are the incident and scattered radiation, respectively. θ is the
scattering angle and λ is the wavelength of incident radiation.
4.6.1.3 Form factor
The form factor (P (q)) represents the interference of neutrons scattered from dif-
ferent parts of the same scattering body[151, 152]. It describes the size and shape
of the scattering body and different analytical expressions are developed consid-
ering the shape of the object (Table 4.2)[151, 152].
Table 4.2: Form factor expressions for specific shapes
Shape of scattering object Expression
Sphere of radius r
[3(sin qr−qr cos qr)
(qr)3
]2
Disc (negligible thickness) of radius r
(J1: first order Bessel function)
2
(qr)2
[
1− J1(2qr)
qr
]
Rod (negligible cross-section) of length l
(Si: sine integral function)
2Si(ql)
ql
− sin2(ql/2)
(ql/2)
4.6.1.4 Structure factor
The structure factor (S(q)) represents the interference in the radiation scattered
by different objects [151, 152]. It is dependent on the degree of local order within
the sample. In a dilute solution, where the scattering bodies do not have any
inter-particle correlation, the value of S(q) becomes 1. In an isotropic solution,
the structure factor is given by[151, 152],
S(q) = 1 + 4piNp
∫ ∞
0
[g(r)− 1]sin qr
qr
r2dr (4.7)
Here, g(r) is the pair correlation function of the scattering bodies and r is the
radial distance outward from the centre of the scattering object. From the theo-
retical point of view, g(r) can be determined from the Fourier inversion of S(q).
Alternatively, various approximate expressions developed for specific systems can
be used for model fitting.
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Figure 4.6: Schematic diagram showing the SANS instrumentation[148].
4.6.2 SANS instrumentation
The instrumentation of SANS experiments is complex. There are four basic func-
tions to the instrumentation: monochromation, collimation, scattering and detec-
tion. The monochromation process involves selecting a narrow wavelength distri-
bution desired for an experiment and in SANS, it is acheived by velocity selector.
Collimation ensures good data quality by further narrowing down the wavelength
distribution. The collimator is a system where the divergency of the neutrons
are adjusted by placing apertures (source and sample apertures) at a distance
inside a vacuum vessel. The well collimated beam then gets elatically scattered
from a solid or liquid sample. The sample holders are usually custom-made and
adjustable to control and monitor the sample environment such as temperature,
pressure, magnetisation etc. The scattered neutrons enter a vacuum tube where
the neutron area detector is placed. A schematic of the instrumentation is shown
in Figure 4.6.
4.6.3 Specimen preparation
Preparation of specimens from metallic materials for SANS experiments is simple.
For the present work, specimens of spherical cross-section were cut from the central
regions of the TMP samples and polished using SiC papers (from 240 to 1200 grit)
to achieve a flat and smooth surface with a thickness of about 1 mm. The thickness
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of the specimens were chosen to maximise the neutron transmission. The cross-
sectional diameter of the specimens were measured to be 15 mm and 10 mm, for
deformed and undeformed samples, respectively.
4.6.4 Experimental set-up
The SANS experiments were performed at the Australian Nuclear Science and
Technology Organisation (ANSTO), using the small-angle scattering instrument,
QUOKKA [153]. Two ranges of sample-to-detector distance were used, 1.3 m
and 4 m, in order to cover q values ranging between 0.01 and 4 nm−1. The
neutron wavelength (λ) used was 0.5 nm for both distances. Each sample was
exposed for 30 minutes during the experiments and a magnetic field of 1.0 Tesla
was applied. Due to ferromagnetic nature of the samples, it is expected that the
presence of the magnetic field will promote strong magnetic scattering. In contrast,
the carbide precipitates are assumed to be non-magnetic and therefore, those will
act as ”holes” in the magnetic scattering signal. Essentially, the dimensions of
these holes will correspond to the size of the precipitates.
The magnetisation saturation required for the current experiment has been calcu-
lated as follows [150],
The magnetisation saturation (Ms) for a ferromagnetic material can be estimated
by the following equation,
Ms = 0.6× µB ×N (4.8)
µB = 9.27× 10−24Am2
where, µB is the magnitude of Bohr magneton and N is the atomic density per
unit length. Assuming the ferromagnetic material contains 100% of Fe atoms in a
BCC crystal structure, the magnetisation saturation (Ms) will be,
Ms = 4.73× 105A/m.
when, N = 8.5× 1028atoms/nm3.
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Now, the magnitude of the field required to saturate Fe based alloys can be deter-
mined from the following equation,
Bs = µ0 ×Ms (4.9)
where, µ0 is the magnetic permeability constant.
By putting the necessary values in the Equation 4.9, a value of 0.6 Tesla has been
determined. To achieve complete saturation of the Fe matrix, an electromagnet
was used in the SANS experiments to apply a magnetic field of 1.0 Tesla to the
measured samples.
The SANS scattering signals correspond to the Fourier space, unlike the most of
the microscopy techniques. The collected scattering data is corrected for detector
efficiency, radially averaged and integrated. The resulting data was also corrected
for background, sample thickness and sample transmission. The resulting pattern
was then subtracted from the pure Fe signal which was used as a reference. Par-
ticle size for each specimen was then obtained by mathematically modelling the
intensity vs. q plots in the commercially available software Igor Pro with Irena
macro add-in. The data analysis procedure will be described in Chapter 5.
4.7 Atom probe tomography
Atom probe tomography (APT) is a characterising technique useful for studying
small scale features in a microstructure at the atomic level. It is possible to ac-
quire solute distribution in a microstructure in three dimensional space by using
this technique. The near-atomic resolution of individual atoms in the probed vol-
ume (spatial resolution: less than 0.3 nm) makes this technique important for
performing studies at the nanoscale level [154, 155]. The basic principle of the
technique has been described in § 4.7.1. Detail description about the underlying
physics and historical evolution of the instrument can be found in several ref-
erences [18, 154–156]. APT has an extensive application in characterising and
quantifying various phenomena related to microstructural evolution in metallic
materials under different processing and heat treatment conditions. The quan-
titative measurements include chemical composition of various phases, size and
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shape of precipitates, segregation of various atoms at the grain boundaries and
dislocations etc. [52, 157, 158].
4.7.1 Basic principle
Atom probe tomography involves field evaporation of atoms from a needle shaped
specimen in a progressive manner [155]. The position of ions are recorded by a
position-sensitive detector. The atom maps in three dimensions are reconstructed
from the detector hit positions (two dimensional) and evaporation sequence. The
chemical identities of the ions are determined from time-of-flight mass spectrom-
etry. A schematic showing the experimental set up is shown in Figure 4.7.
Needle-shaped specimen
Tip radius 20-100 nm
Cooled to 20-100K
E-!eld
~10-50V/nm
local-electrode
HV dc
(2-20 kV)
Position-sensitive
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Time-of-"ight
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Figure 4.7: Experimental setup for atom probe tomography[159].
The surface atoms are field ionised by creating an intense electrostatic field at the
apex of the sample [18]. Presence of a sufficiently strong electric field causes escape
of atoms in different charge states from the surface of the specimen by raising the
activation energy to assist an atom to hop over the energy barrier that bonds it to
the surface [18, 156, 160, 161]. Figure 4.8 schematically shows the charge draining
mechanism as described in [156]. This mechanism describes that electron charges
drains out progressively as a partially charged atom moves along its escape path.
The thermal activation energy then allows the ion to pass over the energy barrier.
In practice, the field ionisation of the atoms is achieved by either using high
voltage pulsing or laser pulsing techniques. Laser pulsing is particularly useful for
non-conducting, electrical insulator materials such as ceramics and semiconductor
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Figure 4.8: Potential energy diagram of atoms and ions showing the charge-
draining mechanism. The neutral curve corresponds to an atom in a neutral
space without any electric field. ΛF and ΛO are the atom bonding energies with
and without field F . [156].
specimens. In high voltage (HV) pulsing mode, the electrostatic field is created
by application of high DC voltage (2-11 kV) on the sample for short intervals (few
nanoseconds). An estimation of the electric field on the surface is given by [18],
F =
V
kfR
(4.10)
where, F is the electric field induced at the tip, V is the voltage, R is the tip
radius and kf is the field factor, a constant which depends on the tip geometry
and electrostatic environment surrounding the tip.
The mass-to-charge state ratio spectrum (mass spectrum) allows to recognise the
chemical identities of the evaporated ions. The mass-to-charge state ratio (m/n) of
an ion is determined from the Equation 4.11, which basically equates the potential
energy of the ion on the surface just before field evaporation and its kinetic energy
just after the evaporation [18].
m
n
= 2eV (
t2flight
L2
) (4.11)
where, m is the mass of an atom, n is the number of electrons removed from that
atom during field evaporation, e is the charge of an electron, V is the voltage
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applied on the specimen, tflight is the time of flight of the evaporated ion and L is
the distance of the specimen from the detector.
Some of the important experimental parameters for an APT experiment are briefly
described below.
4.7.1.1 Temperature
APT experiments are always performed in a cryogenically cooled specimen to avoid
surface migration of atoms[18, 162]. The temperature is generally kept in the range
of 20-80K for metallic materials to achieve an optimum spatial resolution.
4.7.1.2 Pulse fraction
In voltage-pulse mode, pulse fraction is defined by the ratio between the amplitude
of the pulse voltage and DC standing voltage [18]. The value of pulse fraction
should be adjusted such that the preferential retention or departure of an ion from
the sample surface is avoided.
4.7.1.3 Detection rate
The average number of ions detected within a single pulse is known as detection
rate. It is defined by the following equation,
ΦD ∝ DNatexp
(− Q(F )
kBT
)
(4.12)
where, ΦD is the detection rate, D is the detection efficiency, Nat is the number
of field evaporated atoms, Q(F ) is the field-dependent height of the potential bar-
rier, kB is the Boltzmann constant and T is the absolute temperature. In general,
the detection rate is kept constant throughout the experiment by progressive ad-
justment of the voltage. As the experiment advances, the imaged area increases
due to increasing bluntness of the needle-shaped specimen and as a result, the
electric field decreases. To keep the detection rate constant and accommodate the
increasing tip radius, the applied voltage is then increased.
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It is to be noted that although the APT technique has high analytical sensitivity,
like other advanced characterisation techniques, it also has some limitations,
• Low analysed volume: Generally the atom maps are composed of about 107−
109 atoms (A dataset of 5.8×107 atoms may have a volume of approximately
75× 75× 630 nm3.)
• Specimen preparation: Depending on the material type, specimen prepara-
tion for APT can be tedious and time consuming. Research on rapid and
automatic sample preparation tools are in progress.
• Detection efficiency: The detection efficiency is instrument specific and may
vary from 37 to 80%.
• Specimen fracture: High rates of specimen fracture during experiment is
a common problem. The mechanical stresses developed at the apex of the
specimen due to various reasons (cryogenic temperature, high voltage pulsing
etc.) is the reason for frequent fracture incidents in APT.
The following section describe the details of specimen preparation technique and
instrument operating parameters used in the present study.
4.7.2 Specimen preparation
The success of an APT experiment is highly dependent on the nature and ge-
ometry of the specimen. A needle-shaped specimen of certain shank angle and
apex radius with a circular cross-section and smooth surface is required to achieve
field evaporation in an atom probe instrument [18]. Traditionally, for metallic
materials, this has been achieved by means of electropolishing wire samples or
blanks cut from a bulk sample. Focused ion beam (FIB) techniques are successful
for fabricating tips from a wide range of materials (metals and alloys, ceramics,
biomaterials). This technique is also successfully applied to prepare specimens
from specific sites such as grain boundaries and defects [18]. However, specimen
damage is inevitable in the specimens prepared by FIB techniques due to use of
highly energetic Ga+ ions and may be implanted at the specimen tip [18]. The ion
damage needs to be considered and requires additional approximation and correc-
tion during the tomographic reconstruction [18]. Since the present work aims to
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study the precipitation evolution in the steels and does not require site-specific
analysis, electro-polishing techniques has been performed for preparing APT tips,
to simplify the reconstruction process. The details of the preparation process are
given below.
Firstly, matchstick shaped specimen blanks of dimension 0.3mm×0.3mm×10mm
were cut from the bulk material in a Struers Accutom-50 cutting machine using
the multiple-cut facility. A two-step electro-polishing process was adopted for
polishing the blanks from the central region of the TMP samples to produce spec-
imen tips for investigation [18]. The blanks were crimped in copper tubes of 5 mm
length before electropolishing.
At the initial polishing stage termed as ”rough polishing”, the blanks were dipped
vertically in and out of a solution comprised of 10% perchloric acid (HClO4) in
(70%) glacial acetic acid (CH3COOH) under application of 20-25 DC voltage,
until the circumference of the tips was significantly reduced and a visually sharp
tip was formed. The set up of the experiment is shown in Figure 4.9. The second
stage (micro polishing) was carried out under an optical microscope to create a
tip sharp enough for the atom probe experiment. A solution of 2% perchloric acid
in 2-butoxyethanol (C6H14O2) was used for the second stage electropolishing. At
this stage, a drop of the electropolishing solution was attached to a small gold
loop, that was connected to an DC power supply. The specimen was moved in
and out of the solution in an horizontal motion until the tip radius was assumed
to be in the range of 50-100 nm. A DC voltage of 10-20V was used for the final
stage. The set up of the final polishing stage is shown in Figure 4.10. Care was
taken to remove any artefacts formed at the tip to achieve a smooth surface. The
final tip was washed in ethanol and dried with forced air.
4.7.3 Instrument operating parameters
All the APT experiments in the present thesis were performed in the LEAP®
4000HR instrument manufactured by CAMECA Instruments. The instrument at
Deakin University is shown in Figure 4.12. This instrument has three different
chambers, the load lock chamber, an intermediate (buffer) chamber and the anal-
ysis chamber. The experiment is performed inside the analysis chamber which
includes a specimen mount, a counter-facing local electrode and a position sensi-
tive detector. The funnel-shaped local electrode ( 40 µm diameter at the apex) is
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Figure 4.9: (a) Schematic diagram showing rough polishing stage (b) Actual
experimental set up [18].
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Figure 4.10: (a) Schematic diagram showing micro polishing stage (b) Actual
experimental set up[18]
used for mediating the electric field to localise to very small features [162]. Pho-
tograph of a local electrode and the needle shaped specimens mounted inside the
analysis chamber of the LEAP instrument is shown in Figure 4.11. The instrument
operates under ultra high vacuum (UHV) conditions and cryogenic temperatures
to avoid interaction of field evaporated ions with the atoms of residual gases, thus
reducing the spectral background [162].
The polished tips were introduced into the load lock chamber of the APT instru-
ment immediately after electropolishing and pumped down to vacuum to avoid
any damage by oxidation. The specimens were transferred to the buffer chamber
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(a) (b)
Figure 4.11: (a)Photograph of the local electrode (LE) and needle shaped
specimens inside the analysis chamber (b) Close up look of a specimen properly
aligned to the LE before starting an experiment
after the pressure in the load lock chamber reached below 3×10−8 torr. One of
the specimen pucks were then transferred to the cryogenic stage of the analysis
chamber, where the experiments were performed in a vacuum below 9.5 ×10−11
torr.
For running an experiment, a specimen was aligned with the local electrode using
the long range optical microscopes mounted in the analysis chamber. Fine ad-
justments were made by looking at the detector ion hit map generated from the
initially evaporated ions. All the experiments were performed in voltage pulsing
mode under ultrahigh vacuum. A pulse fraction of 20% with a pulse repetition
rate of 200 kHz was used while the detection rate was kept at 0.005 atoms per
pulse. It has been observed in literature that the experiment temperature may
have an effect on the ion evaporation sequence in a specimen. The selection of
optimised temperature for APT experiment in the present work is described in
Chapter 5.
The APT data visualisation and reconstruction were carried out in the commer-
cially available IVAS software from CAMECA Instruments. The detailed data
analysis procedure will be discussed in Chapter 5.
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Figure 4.12: The LEAP® 4000HR at Deakin University.
Chapter 5
Data analysis: APT and SANS
5.1 Introduction
Procedure for analysis of the data obtained from APT and SANS experiments
are discussed in detail in this chapter.APT data has been analysed using IVAS™
3.6.12 software developed by CAMECA and the various steps of the data analysis
procedure, including 3D reconstruction, visualisation and strategies for extracting
quantitative information about precipitates and clusters has been outlined in this
chapter. The SANS data has been analysed using the commercially available Igor
Pro 6.3.7.2 software and the Irena macro package. Hereafter, the chapter is roughly
divided into two parts. The first part will discuss methodologies concerning APT
data and the second part discusses the procedure for analysis of the SANS data.
5.2 Atom probe data analysis procedure
In this section, the reconstruction procedure of the collected data will be discussed
first. Next, the methods adapted for the proper identification of the precipitates
and solute clusters will be described.
5.2.1 Data reconstruction
The aim of reconstruction is to create an image of the acquired data in three
dimensional space by converting it from the detector space to actual specimen
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coordinates [162]. The atom probe data was reconstructed in the IVAS™ 3.6.12
software using standard voltage reconstruction protocol. The protocol in IVAS
is composed of seven steps. The major steps include selection of ion sequence
range and dectector ROI (region of interest), TOF (time-of-flight) correction, mass
calibration, ranged-ion assignment and reconstruction. In the final stage the tip
radius was determined from the initial voltage recorded. At the last stage, a
reconstructed map is generated. Details about the reconstruction protocol can be
found elsewhere [162].
The various reconstruction parameters used in the protocol are given below,
1. Initial tip radius and radius evolution: The initial tip radius was determined
from the initial voltage, V . The evolution of the radius was deduced from
the voltage change during the experiment following the equation,
R =
V
kfF
(5.1)
where, kf is the field factor and F is the field induced at the apex of the
specimen of radius R.
2. Evaporation field: The evaporation field of the primary element (Fe) was 22
V/nm at a temperature of 60 K.
3. Density of reconstruction: This parameter is also based on the density of the
primary element (Fe=7.8 g/cm3)
4. k factor = 4.3
5. Detector efficiency: 42%
6. Image compression factor (ICF=1.40)
In the present work, standard reconstruction protocol in the IVAS software was
applied in all the cases. The calibration of the reconstruction parameters can
be performed by identifying the major crystallographic directions (equivalent to
poles in a stereographic projection of crystals) on the detector hit maps (Field
desorption microscopy) collected during the APT experiments [18]. However, in
the present case, the pole positions were unclear from the respective detector hit
maps and therefore, the calibration of the reconstruction parameters could not be
Chapter 5 Data analysis: APT and SANS 73
Figure 5.1: Representative mass spectrum of Steel C.
performed. Instead, the voltage curve was used for determining the tip radius and
shank angle of the specimens for reconstruction.
Analysis of the (reconstructed) experimental APT data has been carried out in
various steps. Firstly, the chemical composition of each dataset has been deter-
mined as accurately as possible to ensure opportunity for accurate analyses that
follow (e.g. cluster-finding analysis). Here, the issue of peak overlap in the APT
mass spectrum is discussed. The next step is cluster-finding analysis which involves
determination of the cluster-finding algorithm input parameters in an optimised
way. This second step is a two-stage approach, designed to properly identify par-
ticles that exhibit a bimodal size distribution, i.e. separate identification of firstly
the carbide precipitates, and secondly smaller particles ( termed as solute clusters)
within the matrix solid solution.
5.2.2 Estimation of chemical composition
The chemical composition of the specimens was estimated by identifying the mass
spectrum peaks according to the various charge states and abundance of elemental
isotopes. A typical mass spectrum of Steel C is shown in Figure 5.1.
As indicated in Figure 5.1, peak overlap occurs at 24 Da (Ti2+, C2+ and C2+4 )
and between 46 - 50 Da for isotopes of Ti+ and Mo2+. The latter conflict has
been resolved using the peak decomposition tool in the IVAS software, where the
assignment of peaks is decided by comparing the decomposed abundance with
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the expected abundance of the elemental isotopes in question. The results of the
decomposed abundance have been presented in Table 5.1. Clearly, the decomposed
abundance of Ti+ matches with the expected abundance at the 46 and 48 Da peaks,
but the values are either lower or higher compared to the expected abundance for
the other three peaks. In contrast, the decomposed abundance of all the Mo2+
peaks are in good agreement with the expected abundance for all the isotopes,
and so the peaks in the 46 50 Da range have been designated to Mo2+ since it is
the largest contributor in that range. It is essential to designate every peak in the
mass spectrum with a single ion for further cluster finding analyses.
Table 5.1: Peak decomposition for Ti+ and Mo2+ ions in the 46-50 Da range
Ion Range (Da)
Decomposed
abundance (at. %)
Expected
abundance (at. %)
Estimated
error
Mo2+ 45.85-46.03 0.1474 0.1477 0.0037
Ti+ 0.0848 0.0825 0.0883
Mo2+ 46.91-47.01 0.0902 0.0923 0.0041
Ti+ 5.28× 10−11 0.0744 0.0539
Mo2+ 47.88-48.03 0.1662 0.1668 7.25× 10−4
Ti+ 0.7031 0.7372 0.1253
Mo2+ 48.87-49.03 0.2428 0.2419 0.0042
Ti+ 0.1133 0.0541 0.1046
Mo2+ 49.869-50 0.0976 0.0967 0.0022
Ti+ 0.0987 0.0518 0.0914
The expected and decomposed abundance of the various overlapping ions in the
24 25 Da range have been shown in Table 5.2. While it is clear that Ti2+ is the
only element having a decomposed abundance closely matching to that expected
in all three instances, contribution from the other two molecular ions (C+2 and
C2+4 ) is also crucial for the present case. This is because the ion selection at 24
Da will decide the total amount of Ti and C in the sample, which are the primary
contributors to the chemical composition of the precipitates in the present case.
Therefore, we also need to carefully consider the experimental run parameters used
to gather the data to study their effect on the mass spectrum before deciding on
the 24 Da peak.
Takahashi et al. [163] demonstrated that the apparent carbon concentration does
not change by varying the pulse fraction. However, the unwindowed signal-to-noise
ratio (background noise) has been observed to increase at lower values (such as
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Table 5.2: Peak decomposition for Ti2+, C+2 and C
2+
4 ions in the 24-25 Da
range
Ion
Range
(Da)
Decomposed
abundance (at. %)
Expected
abundance (at. %)
Estimated
error
Ti2+ 23.93 24.07 0.7364 0.7372 0.0009
C+2 1.04× 10−17 0.9779 0.4596
C2+4 0.8972 0.9564 0.3215
Ti2+ 24.45 24.52 0.0549 0.0541 0.002
C+2 No peak
C2+4 0.0526 0.0429 0.0377
Ti2+ 24.95 25.03 0.0535 0.0518 0.0016
C+2 1 0.0219 0.4582
C2+4 0.0233 7.20 10
−4 0.1741
15% pulse fraction) due to increase in field evaporation of ions during DC voltage
operation [163]. The effect of pulse fraction has been reported to be insignificant
on the desorption images [164]. However, Yao et al. did observe a strong de-
pendence of temperature on the chemical composition, signal-to-noise ratio and
desorption images for data produced from microalloyed steels [164]. They con-
cluded that the optimum experimental temperature for microalloyed steels should
be around 20 K, and they also proposed that lower experimental temperature pro-
vides better possibility for identification of molecular ions that tend to occur on
multiple hit events. Despite this, increased chances of specimen rupture at such
lower temperature also needed to be considered. In the current experimental work,
the pulse fraction was kept at 20% to minimise background noise. To decide on
a temperature, experiments were performed at 40 K, 50 K and 60 K on a single
specimen, with approximately 5 million ions collected for each condition. The
reconstruction parameters were kept constant for comparison purpose. Primar-
ily, the effect of temperature on the appearance of molecular ion peaks and the
chemical composition has been considered.
The mass spectra obtained at different temperatures are shown in Figure 5.2. The
background noise is visibly improved at 40 K, but there is no significant difference
between the mass spectra obtained from 50 K and 60 K conditions. Chemical
composition has also been determined for these different conditions. As mentioned
earlier, the 24 Da peak has an overlap between Ti2+ and C+2 , and possibly also
C24+, however the chemical composition at different temperatures has only been
evaluated by assigning this peak as either C+2 (Case I) or Ti
2+ (Case II), and the
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Figure 5.2: Mass spectrum of a steel C sample obtained from experiments
performed at (a) 40 K (b) 50 K and (c) 60 K
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Figure 5.3: Effect of temperature and peak assignment on chemical composi-
tion (a-c) 24 Da peak assigned with C+2 (d-f) 24 Da peak assigned with Ti
2+
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C24+ ion is not considered in further analysis. The reason for this will be discussed
at the end of the next paragraph. Figure 5.3a-c presents the atomic concentration
of each element as a function of temperature for Case I, and similarly for Case
II in Figure 5.3d-f. The dotted lines in the plots represent the bulk composition
measured by spark optical emission spectroscopy.
Figures 5.3a and 5.3d shows the effect of experimental temperature on the C
composition for Case I and II, respectively. The solid black line represents the
total C composition, the coloured solid lines show the decomposed amount of
different forms of detected molecular C ions. It is evident from these plots that
the amount of total C is overestimated in Case I irrespective of experimental
temperature. If we consider the decomposed amount of the molecular C ions, it is
clear that the C1 and C3 ion contents are similar in both cases. Additionally, the
estimated amount of total C agrees with the actual C composition (dotted line).
Therefore, introducing C2 in the mass spectrum is the reason for overestimation
of total C in Case I. The plots in Figures 5.3b and 5.3e support the same fact,
where the amount of Ti is underestimated in Case I. The concentration of the
other elements (Mn, Si and Al) remained constant in Case I and II (Figure 5.3c
and f). Therefore, it is easily understood that the total C composition would be
significantly overestimated if the 24 Da peak were assigned to C24+, and as such it
has not been considered further in this analysis. In summary, the peak at 24 Da
has been assigned to Ti2+.
5.2.3 Data analysis techniques
The objective of the APT data analysis in the present work is to acquire in-
formation about the solute segregated regions in terms of number density, size,
morphology and chemical composition. It is to note that in the present case, the
atom probe data does not provide crystallographic information about these re-
gions. Figure 5.4 shows the distribution of solute atoms in a reconstructed volume
obtained from a steel C specimen. Although the bigger sized solute segregated re-
gions are quite visible in the atom maps, there is a possibility that smaller regions
also exists. Therefore it is important to analyse the experimental data in a care-
ful and rigorous approach. These microstructural features can be quantitatively
identified in two ways: 1) construction of iso-concentration/density surfaces and
2) application of cluster-finding algorithms on the acquired data. Here, the term
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Ti Mo C
Figure 5.4: Three dimensional atom maps of steel C coiled at 650 ℃ for 1 h
(prior deformation: true strain 1)
cluster simply means regions of agglomerated solute atoms in a dataset. Following
sections will discuss these two approaches in more detail.
5.2.3.1 Maximum separation method
One of the simplest of the cluster finding algorithms is the maximum separation
method [165, 166]. Some of the various cluster finding algorithms are extensions
of this method [167]. It is based on the concept that the solute atoms in a cluster
are more closely spaced compared to that in a matrix. Any two solute atoms
within a specified distance dmax is considered to be as a part of the same cluster
[165, 168, 169].
Two input parameters are required to run maximum separation algorithm [165,
168],
• dmax : The maximum distance between two solute atoms residing within a
cluster
• Nmin : The minimum number of atoms in a cluster
Figure 5.5a and b schematically illustrates the dmax parameter. In Figure 5.5a, a
non-random distribution of the solute atoms is evident (shaded atoms), indicating
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Figure 5.5: Schematic showing maximum separation method (a) Suspected
clustering of solute atoms (shaded) in the matrix (b) solute atoms within dmax
distance shown in dark shade (core atoms) (c) Additional atoms within distance
L of the core atoms shown in blue colour (d) Atoms within distance E removed
by erosion process (orange)[162]
possible clustering. To find the actual number of atoms in the cluster, a circle of
diameter dmax is placed onto each solute atoms and the interior is inspected for
other solute atoms. If found, those solute atoms will be considered as part of the
cluster (dark grey atoms in Figure 5.5b).
Selection of input parameters Selection of dmax is the most important factor
for the cluster finding analysis. If dmax selected too small, larger clusters may
wrongly be identified as an agglomerate of smaller clusters. Also, some atoms in
smaller clusters may be incorrectly identified as matrix atoms. In contrast, if dmax
is chosen to be too large, matrix atoms may wrongfully be identified as belonging
to a cluster [166]. Even with a reasonable dmax value, some clusters can be bridged
together and appear as a single cluster [170]. Different methods for selecting dmax
have been proposed by several researchers [170–172]. Kolli and Seidman have
developed a method of obtaining dmax from the plot of number of clusters as a
function of maximum separation distance (dmax) [171]. The curve often reaches a
plateau at some range of dmax value, which is considered to be the optimum range
[171]. However, the method is successful for larger clusters (radius>2 nm) as the
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plateau becomes narrower or fully disappears when considering smaller clusters
[172]. The method developed by Stephenson et al. [170] makes use of the nearest
neighbour (NN) distance distribution (first or higher order). The distribution
curve takes a bimodal shape if there are clustered species present, representing the
high density regions (i.e. clustering) and less dense regions (matrix), respectively
[170]. The order (K) of the NN distribution decides the size range of the clusters
to be found. Larger value of K ignores local density fluctuations more compared
to smaller K and therefore, only larger features can be identified [170]. In this
method, the experimentally determined NN distributions are compared to similar
NN distributions created from random datasets, generated based on complete
spatial randomness (CSR) [170]. CSR is a model where all the data points are
disarranged in a way that all the spatial coordinates are independent in a given
volume. Then the probability distribution function of a Kth neighbour from a
central atom lying in a spherical shell from r →r + dr is given by[170],
f(r) =
3
(K − 1)!
(
4pi
3
ρ
)K
r3K−1e−(
4pi
3
)pr3 (5.2)
where, ρ is the number density of an atom type governed by homogeneous Poisson
process.
The process of determining dmax involved fitting the experimental NN distribu-
tion curve by the mixed CSR probability distribution function, using expectation-
minimisation algorithm. The aim of the whole method was to deduce a relationship
between dmax and the minimum characteristic density, ρmin, which is given by[170],
Dmax =
(
3
4piρmin
)1/3 Γ(K + 1
3
)
(K − 1)! (5.3)
However, as mentioned by the authors this method is not suitable for dilute solute
alloys [170]. Ja¨gle et al. have reported that the dmax value obtained by this method
does not effectively separate Cu-rich clusters from the matrix in a Fe-1.2at.%Cu
alloy [172]. Instead, they proposed a method similar to Stephenson et al., by
fitting two linear CSR distribution functions to the experimental NND (nearest
neighbour distribution) curve, based on the principle that the NND curve after
taking out the clusters will match reasonably to the CSR distribution belonging
to the matrix. The optimum dmax value was chosen to be that showed minimum
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Figure 5.6: KNN frquency distributions for Ti, Mo and C atoms (sample: steel
C, coiled for 1 h, strain 1); (a) 1NN distance (b) 3NN distance (c) 5NN distance
and (d) 7NN distance. Inset shows cumulative frequency of each distribution.
difference between the sum of the squared difference between NNDs after cluster
removal and the CSR model fit [172].
However, CSR is far removed from real APT data and useful only when complete
randomness is required [18]. In the present investigation, instead of CSR, another
random comparator known as ”Random labeling” (RL) has been used [170] to
find optimum dmax. In this method, the randomness is created by swapping the
chemical identities of each atom but keeping the atomic positions and measured
solute concentrations intact. Certainly it is more conservative to CSR, although it
has been observed that RL closely models the real spatial data [18, 173]. Marceau
demonstrated that data generated by RL is not affected by the density fluctua-
tions resulted from trajectory aberrations and has a consistent repeatability when
performed several times on an experimental dataset [173]. As a result, data cre-
ated by RL method retains the three dimensional point distribution information
obtained during the experiments.
Using the random comparator as RL, the KNN distributions obtained from the
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experimental and random datasets were compared. Figure 5.6 shows the KNN (K
= 1, 3, 5 and 7) distance distributions and their cumulative frequencies for solute
elements Ti, Mo and C combined. It can be observed that the clear bimodal nature
of the experimental data has only become prominent in higher orders of K. As the
two distributions in the experimental data becomes clear, determination of dmax
from the higher order NND curves becomes easier. In the present work, the dmax
value is determined at the point where the difference between experimental and
random curve is greatest in the cumulative frequency plot, an approach similar to
Marceau [173]. For determination of K, the cluster analysis was performed on the
same dataset with different dmax values obtained from various KNN distributions
and the resulting matrix after removal of the precipitates have been examined.
The value of K was limited to 5, as the higher order NND curves showed similar
nature (Figure 5.6). For comparison purpose Nmin value was kept at 30. Figure 5.7
shows the results of the analysis. Clearly first nearest neighbour distribution (K
= 1) is not suitable for identifying precipitates in the current data as the remains
of the precipitates are visible in the resulting matrix. In contrast, no apparent
presence of precipitates can be observed in the matrices, where dmax is determined
from 3NND and 5NND plots. The NND plots of the matrices also support the fact
that higher order NN distributions (K > 3) effectively identify the precipitates.
Figure 5.7f - g shows that the experimental curve closely matches with the random
curve, suggesting removal of all visible clustered regions in the datasets. On the
contrary, the 1NND plots of the remaining matrix (Figure 5.7e) are almost similar
to the 1NND plots obtained from the original data (Figure 5.6a).
The last primary input parameter that needs to be determined is Nmin, the min-
imum number of atoms defining a cluster/precipitate. An approximate value of
Nmin can be estimated by comparing the experimental and random curves of clus-
ter size distribution, available in the IVAS cluster finding suite [174]. It is to be
noted that the estimated value of Nmin is dependent on the order of the nearest
neighbour distribution. The cluster size distribution plots obtained for various
KNN distributions are shown in Figure 5.8. Nmin is determined to be more than
the end point of the random plot. This is done to avoid any random clustering of
atoms to be identified wrongly as a cluster. It has been observed that the Nmin
value ranges between 20-40 if K is varied between 3 to 7.
From the above discussion, it can be concluded that the choice of KNN and Nmin
is dependent on the nature of the data. However, the present thesis compares
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Figure 5.7: Examination of remaining matrix after removing precipitates (a)
original data; resulting matrix, dmax from (b) 1NND (c) 3NND and (d) 5NND.
(e-f) corresponding NN distribution curves of the matrices. Only solute atoms
are shown for clarity purpose.
the APT data obtained for steels of similar compositions though the processing
conditions are different. Therefore, it is necessary to maintain a similarity in the
input parameters for the sake of comparison amongst the different datasets. As
the value of dmax is crucial compared to others, the utmost importance is given
in the optimisation of dmax, while keeping the other parameters (K and Nmin)
constant throughout all the datasets. Therefore, a constant K (= 3) and Nmin (=
30) are considered to be optimised values for all the APT datasets.
5.2.3.2 Isosurface method
In three dimensional space, the isoconcentration and isodensity surfaces are con-
structed at some threshold value, based on concentration or density of single ions,
decomposed molecular ions or a combination of different types of ions [162]. In this
method, precipitates are defined by a threshold concentration (Cthreshold), based
on the principle that the concentration of solute atoms in the precipitates will be
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Figure 5.8: Estimation of Nmin from cluster size distribution analysis: com-
parison between experimental and random curves obtained as a result of dmax
determined from (a) 1NN (b) 3NN and (c) 5NN distributions. Nmin is assumed
to be more than the end point of the random plot.
higher than that in the matrix. Isosurfaces are approximately drawn by creating
a set of triangles at various orientation to the grid. Traditional marching cubes al-
gorithm is used for constructing those triangles[162, 175]. As a result, this method
is successful in identifying precipitates irrespective of their geometry in the three
dimensional space. It has been demonstrated by researchers that the method is
suitable for identifying smaller precipitates (nuclei as small as 0.45 nm) [176, 177].
However as mentioned by Kolli and Seidman, the method also have some disad-
vantages, as it is highly dependent on Cthreshold [171]. The number density and
size of the precipitates are affected by the choice of Cthreshold. Too small value of
Cthreshold will yield larger precipitates compared to their actual size, while too large
a value will result in smaller sized precipitates. The choice of Cthreshold depends
on the composition of the precipitates [171]. Also, the positional values of the
constructed surfaces and the statistical error are also dependent on the selection
of other user-defined parameters [175].
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As demonstrated by Hellman et al., isosurfaces are created by generating a con-
centration space [175, 178, 179]. A concentration space is created, when all the
information in a dataset (atomic positions and chemical identities) are transformed
in a regular three dimensional concentration grid [175]. The concentration at each
grid point is contributed by surrounding atoms based on a smoothing transfer
function such as Gaussian-like spline function [179] and delocalisation distance.
But, the grid spacing is the user-defined parameter that needs to be considered
first. The grid spacing needs to be chosen such that the positional and statisti-
cal error are optimised. Too coarse a spacing will cause positional error at the
interface and too fine a grid will result higher statistical error. A grid spacing of
1-3 nm have been suggested by Hellman et al. [175]. The choice of transfer func-
tion width has to be balanced according to the grid spacing. Narrower functions
will yield poorer statistics, but wider function will produce positional error [175].
The delocalisation distance is also used as a smoothing tool, which is employed to
spread the contribution of each atom to the surrounding grid points. The delocal-
isation distance to grid spacing ratio is generally maintained between 2:1 to 4:1
typically [171]. The choice of confidence sigma value ensures a defined statistical
uncertainty on the isoconcentration surfaces [179]. Finally, the value of Cthreshold
is chosen in a way that the precipitates delineated by isoconcentration surfaces are
morphologically stable (i.e. small changes in the Cthreshold value does not change
the number or dimension of the precipitates) [171]. Figure 5.9a shows precipitates
identified in the APT dataset shown in Figure 5.4, using isoconcentration surface
of 3 at.% Ti. The distribution of solute and matrix atoms in two of the precipitates
(identified as 1 and 2 in Figure 5.9(a)) are shown in Figure 5.9b-c.
The concentration profile of isosurfaces can be determined using proximity his-
togram (proxigram) [175, 178] or one dimensional (1D) compositional profiles. In
proxigram, the concentration fluctuations of each element at the surrounding re-
gion of the interfaces are examined with respect to the distance of each ions from
the local normal of the interface [18, 162]. In this way, the proxigrams are able
to determine the compositional fluctuations independent of the geometry of the
isosurfaces while maintaining good counting statistics. Figure 5.10a shows prox-
imity histogram of all the interfaces identified in Figure 5.9a. It is to note that
the positive distance values are within the isosurface while negative values are
part of matrix, where zero is defined as the interface. As expected, the matrix Fe
content decreases within the precipitates (isoconcentration surfaces) with gradual
increase in the solute ions concentration (primarily Ti and C and to some extent
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Figure 5.9: (a) Isoconcentration surfaces drawn at Ti 3 at. % (steel C sample
coiled for 1 h, strain 1); solute and matrix atom distribution in the isosurfaces
marked as (b) 1 and (c) 2
Mo). The other alloying elements content (Mn, Al and Si) remained insignificant.
Interestingly, the average Fe content remained about 20 at.%. This observation
gives an impression that the precipitates contain a significant amount of Fe. This
is an interesting revelation, since, it has been reported previously that the alloy
carbides in similar systems are composed of two metallic elements, Ti and Mo,
with Ti being the primary element [6, 17, 127, 180, 181]. The Fe detected in the
EDS spectrum reported in the literature is attributed to the contribution from
Fe matrix. However, Fe is also a carbide former and therefore, it’s incorporation
in the carbide lattice is possible. The carbide forming ability of Fe however, is
lower compared to the other transition elements (Ti and Mo in this case) and the
Fe concentration in the carbide lattice is expected to be smaller than the other
elements. The carbide forming ability of transition metals are governed by the
electron vacancies in the d -orbital and Ti has the highest carbide forming ability
among the transition metals (Ti, Mo and Fe) involved in the present system [182].
The issue of matrix ions involved in the precipitates have been discussed in detail
in §5.2.3.3.
The comparison of results obtained from both maximum separation algorithm and
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isosurface method has been done by Kolli and Seidman for Fe-2wt.%Cu based sys-
tem [171]. Due to inherent differences in approach, the two methods were found
to yield different results, with maximum separation method identifying more pre-
cipitates than the other. Comparison between the two methods in the present
work (specimen: steel C coiled for 1 h, strain 1) also produced similar observa-
tion. Using maximum separation method (dmax = 0.9, Nmin = 30, K = 3), 131
precipitates have been identified. In contrast, isosurface method (CthresholdTi = 3 at.
%, grid size = 1 nm) detected only 71 precipitates. It was demonstrated that the
precipitates identified by maximum separation method, but not by isosurface, are
likely to be part of larger precipitates located at the edge of the dataset or bigger
embryos exhibiting solute concentration less than Cthreshold [171]. Increasing Nmin
value is expected to reduce these kind of precipitates, but it was also pointed out
that too large Nmin will eliminate the true smaller precipitates in the dataset [171].
However, both the methods are simultaneously used by many researchers for quan-
titative precipitate/cluster analysis. Isosurface method is particularly employed
for studying the compositional evolution of the elements at the interface, while
precipitate size have been evaluated by maximum separation method [183–185].
The present work also investigate the possibility of solute clustering, best identi-
fied by cluster-finding algorithms. Clusters are not easily identifiable within the
reconstructed data by visible inspection and, it is therefore possible to select er-
roneous Cthreshold for such small compositional fluctuations. Therefore, maximum
separation algorithm was employed for cluster detection and to maintain similarity
thoroughout the whole analysis, the same approach was used instead of isosurface
method for identification of precipitates.
5.2.3.3 Identification of matrix atoms in a cluster
The possible presence of matrix atoms (other than target solute atoms from the
dmax selection process) in the precipitates cannot be ignored. Identification of
precipitates by construction of isosurfaces automatically accounts for matrix atoms
inside them (refer Figure 5.9 and 5.10a). In contrast, additional parameters needs
to be introduced in the cluster-finding process to identify atoms other than the
target solute atoms in a precipitate. Such extension to the maximum separation
method is the envelope [186] or double maximum separation method [167, 168,
187]. The envelope method employs a fine three dimensional grid, superimposed on
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Figure 5.10: (a) Proximity histogram of all identified particles. One-
dimensional (1D) composition profiles of (b) interface 1 and (c) interface 2 as
marked in Figure 5.9. 1D profiles are taken normal to the particle interface and
close to the analysis direction (specimen length axis).
the data, where the precipitates/clusters are identified by the maximum separation
parameter. The additional atoms situated in the interior of these identified regions
are then assumed to be part of the precipitate [186]. The grid size is usually 0.1
nm. Two additional parameters are introduced apart from the original two in the
double maximum separation method. In this method, matrix atoms are identified
by employing a two-stage process. At the first stage, additional atoms within a
distance L, of the clustered solute (target) atoms are included to the cluster. This
selection of atoms is eroded back a distance E (erosion parameter) in the final
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stage. Figure 5.5c - d schematically illustrates the process. Values of L and E are
recommended to be close to the dmax value [166, 168].
Table 5.3 shows the equivalent spherical radius and the chemical composition of
the precipitate labeled as interface 1 (in Figure 5.9a), identified by different meth-
ods. Clearly, the results are different due to inherent differences in the approaches.
But a similarity in the metallic-to-non-metallic atom ratio (Ti+Mo/C) in the three
cases is evident, if the matrix atom contents are ignored. The Ti+Mo/C ratio in
the first two cases is found to be approximately 1.8. In case of the precipitate iden-
tified by isosurface, the composition has been determined from the corresponding
proxigram (not shown here). The ratio in this case found to be approximately 1.7,
which matches quite well with the results from the maximum separation method.
Table 5.3: Chemical composition and equivalent spherical radius of interface
1 (Figure 5.9(a))
Condition Size (nm) C Ti Fe Mn Mo
Maximum separation
(L = E = 0) 1.99 35±1.6 44±1.7 0 0 20.5±1.3
Maximum separation
(L = E = 0.9) 2.10 6.5±0.8 8±0.9 79±1.4 1.95±0.4 3.8±0.6
Isosurface
(3 at.% Ti) 3.65 13.9±4 17.7±4 59.7±5 2.9±1.5 5.4±2
These particles have been previously reported to be (Ti, Mo)-C precipitates [6].
Also, both Ti and Mo have a superior carbide-forming ability compared to Fe
[182]. It is therefore less likely for Fe to be actually present in the carbides as the
largest metal-atom contributor. One of the possible reasons for detecting such a
large amount of Fe inside the precipitates could be due to ion trajectory aberra-
tions caused by differences in the evaporation fields between the Fe-based matrix
and the precipitate phase, leading to a local magnification effect [18]. The local
magnification effect is not accounted for in the standard reconstruction protocol,
leading to artefacts such as displaced atoms [18]. As the effect of local magni-
fication is considered lower along the analysis direction (i.e. in-depth, along the
specimen needle axis), the composition of one large and one small particle (labeled
as interface 1 and 2 in Figure 5.9a) has been determined along that direction using
a one-dimensional (1D) composition profile. The larger precipitate (Figure 5.10b)
exhibits a substantial rise in solute content (mainly Ti and C) at the core of the
precipitate, along with a decrease in Fe content. The 1D composition profile of
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the smaller particle (Figure 5.10c) also shows a drop in the Fe concentration at
the core of the precipitate, and despite the fluctuation in these results due to
binning of fewer atoms, there is a discrepancy in Fe content on either side of the
precipitate, which indicates preferential retention from the high-field precipitate
[188].
Although a significant amount of Fe atoms measured inside the precipitates is
likely due to the abovementioned artefact, the presence of Fe inside the precipi-
tates cannot be completely ruled out. Edmondson et al. observed a similarly large
amount of matrix Fe atoms in Ni-Mn-Si precipitates in an irradiated pressure ves-
sel steel, identified in APT data using the maximum separation method [189].
They compared the compositional profiles obtained by APT with that from scan-
ning transmission electron microscopy paired with energy dispersive spectroscopy
(STEM-EDS) and also with STEM-EDS modelling, to confirm about 6 at. % Fe
present in the precipitates [189]. In the absence of correlative results from other ex-
perimental techniques, a different approach was taken in the present work. Firstly,
to confirm that the precipitates were influenced by the local magnification effect,
variation in the precipitate Fe content as a function of the L (= E) parameter has
been plotted in Figure 5.11 for various thermomechanical processing conditions of
steel C. The deviation in the Guiner radius (Rg) is also compared (Figure 5.11d).
The error bars represent the standard deviation of the data. The term “deviation
in Rg” in the plot is defined as:
∆Rg = RLg −RL=0g (5.4)
where, RLg is the average Guinier radius at different values of L (or E) and R
L=0
g
is the average Guinier radius when L (or E) is zero.
It is evident from the plots in Figure 5.11a-c that the variation in Fe content with
L (= E) is similar in all the three conditions. Also, it seems to reach a constant
value of around 30-35 at. % Fe between L (= E) values of 0.2 to 0.4 nm. The
corresponding ∆Rg in this range is close to zero with smaller standard deviations.
However, the average amount of Fe produced by this method seems rather high
compared to the EDS results reported by Wang et al. [180] using a carbon replica
TEM sample. On the other hand, Danoix et al. [122] studied precipitation in
a Nb-containing model steel using APT and reported a gradual decrease in Fe
content of the particles (from 30 at. % to less than 10 at. %) with increasing
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Figure 5.11: Variation in Fe content and average Guinier radius as a function
of L or E values for samples of steel C subjected to strain 1 and coiling for (a)
5min (b) 20min and (c) 1h at at 650 ℃; (d) average Fe content as a function of
solute atoms in precipitates (error bar showing standard deviation of data)
aging time. In the current work however, it seems that the average Fe content
inside the precipitates is almost constant irrespective of coiling time or particle
size (Figure 5.11d).
The distribution of Fe atoms in one of the precipitates is shown in Figure 5.12b.
Concentrated regions of Fe are clearly observed around the periphery (Figure
5.12c). The 1D concentration profile along the analysis shown in Figure 5.12d
quantifies this observation and shows that the amount of Fe becomes negligible
in the central region (∼ 1 nm) of the precipitate. Leitner et al. [190] proposed
a method to correct the chemical composition of the precipitates considering the
effect of local magnification, but it relies on them being suitably aligned along
the z direction. In this work however, atomic density of the precipitates and ma-
trix have been compared to that known theoretically to identify the extent of the
local magnification effect. Whilst the theoretical matrix density has been deter-
mined assuming pure Fe (BCC structure) with a lattice parameter of 0.285 nm,
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Figure 5.12: Local magnification effect observed in precipitates (sample: steel
C coiled for 1 h, strain 1) (a) atom maps showing the solute distributions (b)
atomic distributions in a precipitate (as marked by red circle in (a), isoconcen-
tration surface constructed at 1.8 at. % C), showing Fe distributed along the
interface (c) only Fe distribution in the same precipitate, note the low density
region around the central part (d) one dimensional compositional profile of the
precipitate along Z axis
the carbide precipitates are assumed to have a NaCl crystal structure with a lat-
tice parameter of 0.433 nm, as reported by Funakawa et al. [6]. Experimentally,
the atomic density of the precipitates was determined by taking the average from
the five largest precipitates identified with a 2 at. % C isoconcentration surface.
The experimental atomic density of the matrix represents the average from five
different locations within the reconstructed data, visibly free from particles. Con-
sidering detector efficiency (∼ 42%) of the APT instrument used in this study, the
theoretical atomic density of both the precipitates and matrix should be about
twice that measured from the experimental atom probe data. Whilst this is true
for the matrix (Table 5.4), the theoretical and experimental density of the precip-
itates seem to be similar, a result of excess Fe atoms identified in the precipitate
due to the local magnification effect. Therefore, these excess atoms need to be
removed to obtain an accurate chemical composition of the precipitates.
As matrix atoms in the present work have been identified by the L and E param-
eters in the cluster-finding analysis, corrections in the chemical composition have
been applied by modifying these two parameters. For this purpose, the atomic
density of the precipitates has been measured after identification with the double
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Table 5.4: Comparison of theoretical and experimental densities (atoms/nm3)
Theoretical Experimental
Matrix 83.3 43±3
Precipitate 49.4 43±6
(a) (b)
(c) (d)
Figure 5.13: Variation in atomic density of precipitates at different values of
L or E values (a) L=0 (b) L=0.1 (c) L=0.3 and L=0.6. The solid green line
representing half of theoritical density
maximum separation method using L (= E) values of 0.1, 0.3 and 0.6 nm, and
then compared with the theoretical value. As a result of this process however,
the measured density values are inconsistent depending on the L or E parameters
(Figure 5.13). Therefore, a parameter, δ has also been introduced, which is ratio
of the density difference between matrix (DFe) and precipitate (Dppt), and the
matrix density,
δ =
DFe −Dppt
DFe
(5.5)
which is expected to be much more consistent. The comparison of densities at
different L (= E) values with the theoretical precipitate density is given in Table
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5.5, along with the corresponding δ values. Reported errors represent standard de-
viations of the averages. Clearly the average density values as well as the standard
deviation increase with L (= E). On the other hand, the δ parameter decreases
with increasing L (= E). The average precipitate density calculated at L = E=
0.1 nm is closest to the theoretical value taking detector efficiency into account
(Table 5.4) and therefore seems to be the optimum value for these parameters.
Table 5.5: Comparison of average precipitate density (atoms/nm3) and δ
parameter at different L or E values
condition average density δ
Theoretical 49.4 0.41
L or E=0.1 22±8 0.48±0.2
L or E=0.3 31±13 0.27±0.3
L or E=0.6 78±55 -0.87±1.3
The atomic distribution of solute elements and Fe in a precipitate (marked in
Figure 5.12a), identified by different L (or E) value is shown in Figure 5.14. The
distribution of Fe atoms at L (or E) = 0.3 (Figure 5.14d) shows non-uniform
distribution, comparable to the observation in Figure 5.12c. In contrast, more
uniform distribution of Fe has been observed in the precipitate identified with L (or
E) = 0.1. Considering both the average atomic density and Fe atom distribution of
precipitates as well as the similar nature of the data (chemical composition wise),
an L (or E) value of 0.1 have been applied in all of the datasets for precipitate-
finding analysis.
5.2.3.4 Cluster analysis
The possibility of the existence of smaller particles than the precipitates (hereafter
termed as clusters) has also been investigated, where these clusters were defined
to consist of ≤ 30 atoms. It is important to note that both the terms “precipitate”
and “cluster” refer to regions of solute segregation in a dataset and their definition
as per the maximum separation method is technically same. In the present thesis,
the solute segregated regions that are visible in a reconstructed dataset (& 30
atoms) are considered as precipitates. The size of these “precipitates” were deter-
mined to be in the range similar as that observed under TEM. On the contrary,
“clusters” are defined as particles smaller than the precipitates (< 30 atoms),
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Figure 5.14: Atomic distribution of the precipitate (marked in Figure 5.12a)
identified with (a-b) L = E = 0.1 and (c-d) L = E = 0.3 along x y plane,
perpendicular to the analysis (z) direction. Note the Fe atom distribution in
(b) is more uniform compared to (d).
which are unlikely to be resolved under TEM. Although these particles may have
ordered structure, the present thesis discusses only the aggregation of the solute
atoms and not their order. There exists a possibility of ‘misidentifying’ such small
particles as random compositional fluctuations in the solid solution, which will be
discussed later in this section. The cluster-finding approach used in the present
work for identification of solute clusters is comparable to that taken to identify the
precipitate particles, and employs the previously described maximum separation
method (i.e. without the envelope and erosion process). In this case however, the
cluster-finding analysis was performed on the remaining matrix after removal of
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the precipitates from the whole dataset. The order of the NN distribution was
chosen as K = 1, with an Nmin value of 2 atoms. Again, the dmax parameter was
chosen at the point of maximum difference between the cumulative frequencies
of the NN distance distributions of the experimental and randomly labeled data,
similar to the process for precipitate particle identification.
To avoid the systematic effect of erroneous detection of solute clusters due to lim-
ited detector efficiency [191], and to quantitatively appreciate the extent to which
the data contains solute clustering beyond that expected from random composi-
tional fluctuations in the solid solution, experimental cluster-finding results have
been compared to that from the corresponding random dataset, following Marceau
et al. [192, 193]. This experimental-minus-random approach allows robust analysis
where other methods such as visual inspection of the 3D atom map or construction
of isosurfaces (isodensity or isoconcentration) are not suitable, owing to the small
size of the solute cluster particles.
5.3 Analysis of SANS data
The collected SANS data was reduced using the NIST data reduction macro [194]
embedded in the Igor Pro 6.3.7.2 software supplied by Wavemetrics, Inc. An
example of the neutron scattering signal obtained from one of the samples is
shown in Figure 5.15a. The blue mask corresponds to the beam stop that covers
the position of the direct beam. One dimensional intensity plots were obtained by
taking the cross-sections along the horizontal and vertical axes, which demonstrate
a clear difference in the nuclear and nuclear + magnetic intensities, respectively
(Figure 5.15b). Details of the data reduction protocol can be found elsewhere
[194].
As the magnetic moment of the iron matrix was aligned along the magnetic field,
which was perpendicular to the incoming neutron beam, only nuclear scattering
had occurred on the vertical plane (α = 0◦), whereas on the horizontal plane
(α = 90◦), both nuclear and magnetic scattering had taken place. Here, α is the
azimuthal angle on the detector plane. The scattering contrast will be a function
of both nuclear and magnetic contributions and expressed by [195]:
∆ρ2 = ∆ρ2nuc + ∆ρ
2
mag sin
2 α (5.6)
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Figure 5.15: (a) SANS pattern of a steel C specimen (coiled for 100 h, strain
1) obtained at the sample-to-detector distance of 1.3 m (b) Nuclear+magnetic
and nuclear scattered intensity obtained after correction and combination of the
datasets of the two distances (1.3 m and 4 m, respectively).
where,
∆ρnuc = ρ
nuc
p − ρnucα (5.7)
and
∆ρmag = ρ
mag
p − ρmagα (5.8)
∆ρnuc and ∆ρmag are the nuclear and magnetic contrast factors, whereas, ρ
nuc/mag
p
and ρ
nuc/mag
α are the nuclear and magnetic scattering length densities of particles
and matrix (in this case, α - ferrite), respectively.
Assuming a spherical shape of the particles, the scattered intensity was modelled
using the following equation [149],
I(q) =
∫ ∞
0
f(R)∆ρ2Vp
2
(
3
sin(qR)− qR cos(qR)
(qR)2
)2
(5.9)
where f(R) is the precipitate size distribution, Vp and R the precipitate volume
and radius, q is the scattering vector and ∆ρ is the difference between scattering
length densities of the matrix and precipitate (refer §4.6.1.1). The last term in
Equation 2 is the form factor which describes the shape of precipitates. Although
previous atom probe investigations on a similar system suggest the shape of the
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Figure 5.16: (a) Kratky representations of the nuclear+magnetic scattered
intensities of the strain 1 specimens of steel C coiled for various amounts of
time (before subtracting the pure Fe signal). Scattered signal from pure Fe is
put as a reference. (b) Mathematical fitting of scattered intensity from a sample
coiled for 40 min. Errors are not included for clarity, but can be estimated from
the fluctuation of the data.
precipitates to be somewhat elliptical in nature [17, 127], this is partially due to
a well-known local magnification effect from the difference in field evaporation
potential between the matrix and precipitates as discussed in §5.2.3.3. Thus, the
scattered intensity obtained from SANS was modelled assuming a spherical shape
of the precipitates. It has also been shown previously that for metallic systems with
a distribution of precipitate sizes, structural parameters such as radii of gyration
and Porod radii are insensitive to differences in particle shape between spheres
and ellipsoids as long as the aspect ratio is in the range of 0.5-2 [196].
The scattered intensities were normalised from the signal from a pure iron sample
after correcting and combining the original data from the two sample-to-detector
distances. Data were put on an absolute scale using the empty beam measurement.
Since nuclear + magnetic scattered intensity is the strongest one, this signal has
been used for evaluating particle radius.
Assuming the particles are non-magnetic in nature, they will create holes in the
magnetic scattering signal. The scattering contrast factor, necessary for further
analysis has been determined following Equation 5.6. The magnetic scattering
length density of ferrite is available in the literature (ρmagα = 5 × 1014m−2) [150].
In the assumption of non-magnetic precipitates, the magnetic scattering length
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density of the precipitates is ρmagppt = 0. The nuclear scattering length density,
however, is dependent on the precipitate composition as well as on the matrix.
The nuclear scattering length density, however, is dependent on the chemical com-
position and crystal structure of the matrix and the precipitates. The nuclear
scattering length density of the precipitates is given by [150],
ρnucp = Np
∑
i
xibi (5.10)
where, Np is the atomic density of the precipitate, xi is the atomic fraction of
element i in the precipitate unit cell and bi is the corresponding coherent scattering
length density.
The atomic density of the (Ti,Mo)C precipitates was determined based on their
NaCl type crystal structure reported in literature [6]. The average precipitate
compositions measured by APT analysis have been used to calculate the nuclear
scattering length densities of the precipitates. The nuclear scattering length den-
sity of matrix (ferrite in this case) can be determined from Equation 5.10 by re-
placing the atomic density and coherent scattering length density terms for ferritic
iron and given by,
ρnucα = Nα × bα (5.11)
The atomic density (Nα) of ferritic iron (BCC structure) is 8.5 × 1028 m−3 and
the coherent scattering length of Fe is bα = 9.45 × 10−15 m [197]. Therefore, the
nuclear scattering length density of Fe is calculated as ρnucα = 8× 1014 m−2.
The average particle radius is determined by modelling I vs. q plots (For example,
Figure 5.15b) using Irena macro [198] installed in the Igor Pro software. The
particle volume fraction has been estimated from the Kratky plots [149], after
subtracting the pure Fe signal. The particle volume fraction is related to the
scattering contrast by the following equation,
fv =
Q
2pi2(∆ρ)2
(5.12)
where,
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Q =
∫
Iq2dq (5.13)
The Kratky representations (q2×I(q) vs. q plots) [149] of the original data (before
normalising from the pure Fe signal) has been compared with that of pure iron in
Figure 5.16a. An example of the mathematical fitting is shown in Figure 5.16b.
It is to be noted that the SANS experiments could only be performed on the steel
C specimens due to limited beam time at ANSTO. Therefore, the SANS results
have been used as complimentary to atom probe results for steel C.

Chapter 6
Carbide precipitation in Ti-Mo
steel 1
6.1 Introduction
The characteristics of carbide precipitation in a Ti-Mo steel, resembling the chem-
ical composition reported by Funakawa et al. [6] (steel C, Table 4.1) are presented
in this chapter. The study was carried out at a constant coiling temperature (650
℃), but varying the coiling time for shorter (30 s - 1 h) and longer (10 h and
100 h) periods. The aim was to study the behaviour of precipitates (evolution of
chemical composition, volume fraction and number density) both in shorter and
longer coiling time ranges. The possibility of solute clustering at the early stages of
precipitation was also investigated to understand the precipitation process. Quan-
titative characterisation of the precipitates and clusters was performed using both
atom probe tomography (APT) and small angle neutron scattering (SANS). APT
was performed on a selected number of specimens to study the precipitate size,
morphology and chemical composition, whilst SANS was performed on all the
specimens to compliment as well as compare with the APT results.
1This chapter has been published in the form of a journal paper in Materials Science and
Engineering: A in March 2018 [199]
103
104 Chapter 6 Carbide precipitation in Ti-Mo steel
Figure 6.1: Thermomechanical processing cycle
6.2 Materials processing
The steel was thermomechanically processed following the schedule shown in Fig-
ure 6.1. After austenitising at a temperature of 1200 ℃ to dissolve all the alloying
elements, one batch of samples was subjected to deformation up to a true strain of
1 at a temperature of 890 ℃, i.e. still within the austenite regime. After deforma-
tion, the samples were cooled to a coiling temperature of 650 ℃. A second batch
of samples was not deformed and directly cooled to the same coiling temperature
after austenitisation. In each case, the coiling time was varied from 30 s to 100 h
to observe various stages of the precipitation process. The TMCP schedule of the
steel has been adapted from [17]. Specimens have been labeled according to their
coiling time (in seconds, minutes or hours) at 650 ℃ and amount of prior strain
(SY, where S = strain and Y = 0 or 1), e.g. C - 5 min - S1 refers to 5 minutes of
coiling time and strain = 1).
6.3 Microstructural and hardness evolution
The changes in the microstructure with different amounts of strain (0 and 1) and
isothermal holding time are shown in Figures 6.2 and 6.3. The phase etched in
a dark colour is martensite, and the light coloured phase is ferrite. The rate of
transformation is expected to be slower without any prior deformation (strain 0)
due to lower driving force, and the ferrite transformation has been found to be
completed after 40 min of isothermal holding. The corresponding variation in
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Figure 6.2: Microstructural evolution in Steel C samples under various ther-
momechanical processing conditions. The upper and lower panels correspond
to strain 0 and strain 1 conditions, respectively. (a, e) 30 s (b, f) 5 min (c,
g) 20 min and (d, h) 40 min. (Note: α′ and α denoted martensite and ferrite,
respectively.)
hardness revealed a continuous decline with longer isothermal holding time and
reached a value of 168 HV at the highest coiling time (Figure 6.4b). This trend
in the hardness can be explained by the microstructural changes associated with
the continuously decreasing amount of martensite in the specimens up to 1 h
of coiling time and by the coarsening of ferrite grains (Figure 6.4a) as well as
possible coarsening of precipitates in longer coiling times (10 and 100 h). The
average amount of martensite reduced from 30% after 5 min to 10% in 20 min
and finally became negligible after 40 min of coiling time.
The austenite-to-ferrite transformation has been observed to be completed only
after isothermal holding for 5 min at strain 1 condition, and the microstructure re-
mained ferritic thereafter. The ferrite grain size was reduced from 23 µm at strain
0 condition to 7 µm in the strain 1 condition (Figure 6.4a) at shorter coiling time
ranges. Interestingly, the grain size in the strain 1 specimens remained constant
even with increasing coiling time up to 1 h, and the corresponding hardness also
remained constant (Figure 6.4).
6.4 Transmission electron microscopy
TEM observations revealed rows of small precipitates aligned along parallel lines,
which were characteristic of all the specimens after both strain conditions exhibit-
ing a ferrite matrix. Representative images from the C - 5 min S1, C - 1 h S1
and C - 1 h S0 specimens are shown in Figure 6.5. The average diameter of the
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Figure 6.3: Microstructural evolution in Steel C samples under various ther-
momechanical processing conditions. The upper and lower panels correspond
to strain 0 and strain 1 conditions, respectively. (a, d) 1 h (b, e) 10 h and (c,
f) 100 h.
Figure 6.4: Variation in (a) polygonal ferrite grain size and (b) hardness
with different amounts of pre-straining and isothermal holding time. Specimens
exhibiting only a polygonal ferrite matrix have been shown in the grain size
plot.
precipitates was measured to be 3.8 ± 1.3, 3.6 ± 1.2 and 3.7 ± 2.2 nm, in C -
5 min S1, C - 20 min S1 and C - 1 h S1 specimens, respectively. The average
diameter of the interphase precipitates in the C - 1 h S0 specimen found to be
slightly high (6.2 ± 1.3 nm) compared to strain 1 specimens. The average distance
between the rows was 20 ± 2 and 12 ± 3 nm for strain of 0 and 1 respectively.
Similar kind of precipitates were observed by Mukherjee et al.[126] in a steel of
comparable composition and identified as interphase precipitates. In some cases,
different row spacing have been observed within a single grain as indicated by
dashed lines in Figure 6.5b. The irregularities in the precipitate rows can be ex-
plained by nucleation of precipitates through the formation of steps at the moving
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Figure 6.5: Bright field images showing interphase precipitates in specimens:
(a) C - 5 min S1, (b) C - 1 h S1; and (c) C - 1 h S0; (d) HRTEM image of an
interphase precipitate in the C - 1 h S1 specimen; inset showing the selected
area diffraction pattern from both the particle and ferrite matrix, with ferrite
zone axis of [100].
austenite-ferrite boundary. The step formation induces nucleation at either the
side or front of the step, or both, and this results in the abrupt ending of a row
or different row spacing [9].
Another type of the precipitates was observed only in the samples after strain
1 (shown by red arrows in Figure 6.5b). These precipitates decorated some mi-
crostructural features, and were aligned differently to the interphase precipitates.
It was suggested that these are the strain induced precipitates formed in austen-
ite along the deformation band boundaries as a result of deformation [200]. The
strain induced precipitates could also pin the dislocations [201]. Comparatively
larger particles have also been observed for both deformation conditions in some
of the ferrite grain boundaries (marked by black arrows in Figure 6.5b).
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Figure 6.6: Kratky representation of the SANS data before correction from
signal of pure Fe sample in specimens of (a) strain 0 and (b) strain 1; (c)
representative examples of modeled intensities for the C - 1 h S1 and C - 10 h
S1 specimens after subtracting the respective signals from Fe, given in arbitrary
units. Note: only data for specimens exhibiting a ferrite matrix are shown.
Error bars are omitted for clarity but can be estimated from the fluctuations in
the data.
6.5 SANS results
SANS have been performed on all the specimens of strain 0 and 1, except the
samples containing large amount of martensite (C - 5 min - S0, C - 20 min - S0,
C - 30 s - S0 and C - 30 s - S1 specimens). Corresponding Kratky representations
determined from the horizontal section of the 2D data are shown in Figure 6.6. A
clear evolution in the plots after various coiling time can be observed both in the
strain 0 and 1 conditions. The data analysis was performed following the method
described in Chapter 5.
The evolution of average particle radius and volume fraction after various ther-
momechanical processing conditions is shown in Figure 6.7. The average particle
radius was found to increase with coiling time, as expected (Figure 6.7a). It is
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Figure 6.7: Evolution of (a) average particle radius and (b) volume fraction
analysed from the SANS data.
interesting to note that although there is an increase of around 50% in the average
particle radius from the shortest to longest coiling time, this value is less than
3 nm for all conditions. As demonstrated in §5.3, the volume fraction of parti-
cles has been determined using Kratky plots. Kratky representations of all the
samples exhibiting ferrite structure is shown in Figure 6.6. The data have been
compared with pure iron and an evolution in the plots after increasing coiling time
can be observed. The plot in Figure 6.7b shows that the particle volume fraction
is relatively higher in the strain 1 conditions compared to that in strain 0. The
increasing trend in volume fraction with time is indicative of the fact that precip-
itate growth is still not complete. However the change in volume fraction seem to
be smaller between 10 h and 100 h coiling time compared to lower coiling times
(≤ 1 h) for both strain 0 and strain 1 conditions.
6.6 APT results
6.6.1 Chemical composition
The compositional evolution of the precipitates has been determined using APT.
A typical mass spectrum of the steel is shown in Figure 6.8, which indicates the
occurrence of molecular ions (C2+3 at 18 Da). Peak overlaps were also observed
(Ti2+ and C+2 at 24 Da, and Ti
+ and Mo2+ in the range 45.9-50 Da). Following
the analysis described in Chapter 5, the 24 Da peak has been labeled as Ti2+ and
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Figure 6.8: Representative atom probe mass spectrum (mass-to-charge state
ratio)
the peaks in the 45.9-50 Da range have been identified to belong to Mo2+. The
APT bulk chemical composition of the samples is presented in Table 6.1.
Table 6.1: Bulk chemical composition determined from APT mass spectrum
(errors are in the range of 0.001-0.005 at. %)
Specimen C Ti Mo Mn Al Si Fe
C - 1 h - S0 0.14 0.15 0.13 1.41 0.07 0.42 Balance
C - 5 min - S1 0.18 0.12 0.11 1.51 0.07 0.43 Balance
C - 20 min - S1 0.15 0.10 0.10 1.43 0.07 0.40 Balance
C - 1 h - S1 0.15 0.11 0.12 1.52 0.07 0.43 Balance
C - 100 h - S1 0.17 0.15 0.11 1.40 0.07 0.43 Balance
Representative tomographic reconstructions of the probed volumes of specimens C
- 5 min S1, C - 20 min S1, C - 1 h S1 and C - 1 h S0 are shown in Figure 6.9a-d.
Only the solute ions have been displayed for clarity. Regions of solute segregation
(precipitates) can be clearly distinguished in the reconstructed volumes. An atom
map of one of the larger precipitates shows that it is composed of Ti, Mo and C
ions, and interestingly also matrix Fe atoms (Figure 6.9e). Proximity histogram
analysis of the particle identified using a 2 at. % C iso-concentration surface
reveals a rise in the solute concentration (mainly C and Ti) and a lowering of Fe
content across the interface (Figure 9f). A slight increase of Mo (up to 12 at. %)
is also observed. It is noted that although the matrix Fe content decreases across
the particle interface, around 25 at. % Fe is still measured at the core region. As
discussed in §5.2.3.3, the local magnification effect influences the amount of Fe
in the precipitates. Corrections were applied according to the process described
in §5.2.3.3 during the cluster-finding analysis to identify precipitates. For the
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Figure 6.9: Tomographic maps of specimens of condition (a) C - 5 min S1
(b) C - 20 min S1 (c) C - 1 h S1 and (d) C - 1 h S0; (e) atom map of a particle
from the C - 1 h S1 specimen and (f) corresponding proximity histogram.
cluster analysis, Ti, Mo and C atoms were selected as solutes to determine the NN
distributions. The solute atoms are selected according to the proximity histograms
of the particles (Figure 6.9e, which showed increasing concentration of all the three
solutes at the interface, with a decrease in the Fe concentration. The results of
the cluster-finding analysis for the precipitates are presented in §6.6.2 and §6.6.3.
6.6.2 Evolution of precipitate distribution
To observe the effect of TMCP conditions on the precipitation kinetics, the num-
ber density of precipitates identified in the probed specimen volumes is presented
in Figure 6.10a. The standard deviation of the results for each coiling time was
determined by propagation of errors, where the individual standard deviations for
the number density of each precipitate size (in atoms) were summed. The method
for obtaining the standard deviation of the number density of precipitates of a
particular size was taken from [202]. The results reveal a large increase in the
total number density of precipitates in the pre-strained (strain 1) conditions com-
pared to the strain 0 specimen (Figure 6.10a) at shorter coiling times (up to 1
hour). This indicates that a greater number of precipitate nucleation sites have
been formed after straining, effectively increasing the total precipitate number
density compared to the strain 0 condition. Although roughly comparable num-
ber densities are observed among the strain 1 conditions up to 1 hour of coiling
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Table 6.2: Comparison of average radius obtained from APT and SANS data
Specimen APT SANS
C - 20 min - S1 2.6±0.7 1.2
C - 1 h - S1 2.8±0.8 1.3
C - 100 h - S1 4.5±1.2 2.8
C - 1 h - S0 3.7±0.9 2
time, this value reduced dramatically after 100 hours. Figure 6.10b shows the
number density of the precipitates in different size ranges represented by average
Guinier radius (min. 1.4 nm to max. 7.3 nm). The size distribution in the strain
1 conditions peaks in the range of 2 to 2.99 nm (Guinier radius) for shorter coiling
times (∼ 1 h), whilst in the strain 0 specimen (1 h coiling time), the distribution is
shifted to a slightly larger size range (3-3.99 nm) and has a smaller number density
(Figure 6.10a). Unlike the shorter coiling times, the precipitate size distribution
in the C - 100 h S1 condition monotonically increases, having its highest value
at the > 5 nm range, which suggests that the precipitates are in the coarsening
stage. The observations indicate that application of prior straining resulted in a
greater number of microstructural defects (than without strain), suitable for as-
sisting precipitate nucleation. We also observe that pre-straining not only assisted
in producing a greater number density of carbides but also reduced the average
particle size at shorter coiling time ranges. It is note that the average particle size
measured from SANS found to be smaller compared to that measured from APT
(Table 6.2. The reason could be the intrinsic differences of the two methods; APT
being a local method and SANS can be considered as a ”bulk” method. Looking
at the APT size distribution plot (Figure 6.10b and the large margin of error in
the APT radius (Table 6.2, it can be suggested that most of the particles at least
up to 1 h coiling time are within 2 nm range and therefore, quite close to that
obtained in the SANS analysis.
6.6.3 Evolution of precipitate composition
All precipitates were found to be composed of Ti, Mo and C. The measured com-
position after removing the precipitates from the APT volumes is presented in
Table 6.3. Comparing Table 6.3 with Table 6.1, it is evident that most of the
Ti has been precipitated as carbides whilst a considerable amount of Mo and C
remains in the matrix solid solution. It is interesting to note that the matrix
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Figure 6.10: (a) Total number density of particles (b) Number density of
particles according to their size, (c) Ti/Mo atomic ratio and (d) fraction of C
in the precipitates according to their size.
composition after removing the precipitates in the C - 100 h S1 dataset exhibits
a smaller amount of C and Ti compared to the shorter coiling ranges (≤ 1 h),
suggesting diffusion of C and Ti from the matrix to the precipitates even after 100
h of coiling time. To compare the compositional evolution of the precipitates in
various size ranges (represented by average Guinier radius) and coiling time, the
Ti/Mo and C/(Ti+Mo) atomic ratios are plotted in Figure 6.10c-d. The amount
of Mo was reported to vary with particle size [145]. Since the precipitates may
coarsen with increasing coiling time as a result of Ostwald ripening [203], it is
important to study the evolution of the Ti/Mo ratio as a function of coiling time.
The error in Figure 6.10c-d represents the propagation of the standard deviation
of the concentration of the elements in the APT data. The standard deviation of
an elements concentration in the APT data is calculated following the method in
[202].
The precipitates are found to be enriched in Ti irrespective of the coiling conditions
(Figure 6.10c). This is contradictory to the findings by Funakawa et al. [6], where
they report the Ti/Mo atomic ratio to be 1.16, but similar to that found by other
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researchers, who also reported an enriched Ti content of the precipitates [126, 204].
Despite the variability in the plot (Figure 6.10c), the Ti/Mo atomic ratio of the
precipitates in all coiling conditions are at least 1.5. From the C fraction vs.
particle size plot in Figure 6.10d, it can be seen that the C composition in all the
specimens tends to stabilise at average Guinier radii 3 nm, with a stoichiometry
of MC0.45−0.55 (M = Ti + Mo).
Table 6.3: Bulk chemical composition of matrix dataset after removing pre-
cipitates (errors are in the range of 0.001-0.005 at. %)
Specimen C Ti Mo Mn Al Si Fe
C - 1 h - S0 0.06 0.02 0.04 1.41 0.07 0.42 Balance
C - 5 min - S1 0.08 0.02 0.04 1.51 0.07 0.43 Balance
C - 20 min - S1 0.07 0.02 0.05 1.45 0.07 0.40 Balance
C - 1 h - S1 0.06 0.02 0.06 1.52 0.07 0.43 Balance
C - 100 h - S1 0.04 0.01 0.04 1.40 0.07 0.43 Balance
In the literature, the precipitates have been described to be MC carbides having a
NaCl crystal structure deduced from electron microscopy techniques [6]; however,
sub-stoichiometric compositions are not unusual in transition metal carbides, and
TiC also exhibits the widest homogeneity interval with vacancy concentrations
of up to 50% at the non-metal sites [205]. In the present case, the fraction of
carbon in the precipitates with Guinier radii < 2 nm is even lower than the ho-
mogeneity interval of TiC, suggesting the metastable nature of the smaller precip-
itates, whereas the comparatively larger carbides achieve MC0.5 stoichiometry. It
is noted that for precipitates of Guinier radius > 3 nm, an average composition
of Ti40±2.3Mo19±1.8C30±2Fe11±0.8 has been measured with the fraction of C in the
range 0.45-0.55 and Ti/Mo ratio in the range of 2-2.5, irrespective of the TMCP
conditions.
6.7 Early stage clustering
6.7.1 Evolution of solute cluster distribution
The possibility of early stage solute clustering (Ti, Mo and C atoms) has been
investigated in the strain 1 specimens for up to 1 h coiling time. The number
densities of the various types of clusters are presented in Figure 6.11 (like-atom and
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mixed-atom clusters). The values are presented as experimental-minus-random
number densities to identify whether solute clustering occurs over and above that
which is expected in a randomised dataset. Reported errors are represented by the
addition of the error in the both the experimental and random results, determined
from the standard deviation of the number density of clusters, following Ceguerra
et al. [202], in each case. It is worth mentioning that the present cluster analysis
results are presented in a similar way as in references [192, 193], which makes
these results directly comparable with respect to the magnitude of the difference
in the number density of clusters between the experimental and random cases.
Albeit in a different metallic alloy system, it allows a benchmark comparison for
the occurrence (or absence) of significant solute clustering.
Figure 6.11 shows that the cluster size does not exceed 10 atoms, except in the
case of the Ti-Mo-C clusters. The Ti-Ti clusters are found to be limited to 3
atoms size (Figure 6.11a). There are fewer Ti-Ti clusters observed in the coiling
ranges of 20 min and 1 h compared to 5 min coiling time for all the size ranges.
Although the cluster size increased up to 7 atoms for C-C clusters compared to
Ti-Ti clusters, clustering above that in random has only been observed up to 3
atoms cluster size (Figure 6.11b). Also, similar to the case of Ti-Ti clusters, the
number density of C-C clusters has been higher at the lowest coiling time (5 min),
compared to 20 min and 1 h (Figure 6.11b). In contrast to the observations for Ti-
Ti and C-C clusters, considerably higher number density of Mo-Mo clusters have
been observed at the longest coiling time of 1 h, compared to 5 min and 20 min
(Figure 6.11c). In all the mixed atom clusters (Ti-C, Mo-C, Ti-Mo, and Ti-Mo-C),
higher number densities have been observed in the samples of 5 min coiling time
compared to the higher coiling ranges (20 min and 1 h) up to 5 atoms cluster size
(Figure 6.11d-g). These observations suggest that the majority clustering occurs
at the early stage of coiling (5 min). An exception to this observation is Mo-Mo
type clusters, which seem to be present even for longer coiling times (1 h). For
mixed-atom cluster types, the experimental-minus-random number density range
varied between 452×1015 to 707×1015 per volume (in cm3) for clusters of size more
than 3 atoms (Table 5). In the similar size range, the like-atom clusters exhibited
comparatively less number density (< 100 × 1015 cm−3 ), except the case of Mo-
Mo clusters. However, the cluster sizes are small in all cases, notwithstanding the
effect of atom probe detector efficiency (to be discussed later). The cluster sizes
are even smaller compared to that reported in [192] and [193]. Also, the number
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densities of various types of clusters in the present case are observed to be on the
lower side of the number density range reported in [192] and [193].
6.7.2 Evolution of solute cluster chemistry
The evolution of the chemical composition of clustering has been investigated by
comparison of the (Ti+Mo)/C atomic ratios in the Ti-Mo-C clusters (Figures
6.12a), the Ti/C ratio for Ti-C clusters (Figure 6.12c) and the Mo/C ratio in Mo-
C clusters (Figure 6.12e), between the experimental and random datasets. It is
assumed that clusters that could act as a precursor to the formation of carbide
precipitates will contain C atoms and therefore, Ti-Mo clusters are not considered
for further analysis. It is also noted that these results only compare cluster sizes
that exist in both the experimental and random datasets.
In general, with few exceptions, the cluster chemistries are similar between the
experimental and random data. In order to compare the cluster chemistries to
that of the respective matrix for different coiling conditions, the stoichiometric
deviation of the respective atomic ratios have been compared with the experimen-
tal and random data, following the method developed in [192]. For example, the
stoichiometric deviation of the Ti/C ratio (∆T i/C) in the Ti-C clusters is given by:
∆T i/C = ∆
exp
T i/C −∆ranT i/C (6.1)
where,
∆expT i/C =
[
Ti
C
]exp
cluster
−
[
Ti
C
]
bulk
(6.2)
and,
∆ranT i/C =
[
Ti
C
]ran
cluster
−
[
Ti
C
]
bulk
(6.3)
Even though clustering is expected in a randomised dataset, the deviation in the
atomic ratios of the clustered solute species in the random clusters compared to
that of the bulk matrix, should tend towards zero across various cluster sizes.
In contrast, a comparatively higher value of the deviation parameter is expected
in the case of actual clustering in the experimental dataset. These results are
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Figure 6.11: Experimental-minus-random number densities of (a) Ti-Ti, (b)
Mo-Mo, (c) C-C, (d) Ti-C, (e) Mo-C, (f) Ti-Mo and (g) Ti-Mo-C clusters.
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(e) (f)
Figure 6.12: Comparison between experimental and random results for (a)
(Ti+Mo)/C ratio in the Ti-Mo-C clusters, (c) Ti/C ratio in Ti-C clusters and
(e) Mo/C ratio in Mo-C clusters. The right-hand side figures show the stoichio-
metric deviation of composition ratio from random: (b) (Ti+Mo)/C ratio in
Ti-Mo-C clusters, (d) Ti/C ratio in Ti-C clusters and (f) Mo/C ratio in Mo-C
clusters. The solid and dotted lines in (a), (c) and (e) represent experimental
and random results, respectively. The error bars represent the propagation of
the relative error associated with the deviation of both the experimental and
random ratios of the clustered atoms. The uncertainties in both the experi-
mental and random ratios are the propagation of the standard deviation of the
concentration of the atomic species involved [202].
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Table 6.4: Total deviation parameter in Ti-Mo-C, Ti-C, and Mo-C clusters
Total deviation Condition
C - 5 min - S1 C - 20 min - S1 C - 1 h - S1
Σ∆(T i+Mo)/C −0.443± 0.005 1.63± 0.02 26± 0.2
Σ∆T i/C 1.21± 0.08 5.30± 0.09 0.08± 0.09
Σ∆Mo/C 0.82± 0.06 −2.23± 0.07 −4.01± 0.07
plotted in Figure 6.12b, d and f. The total deviation parameters (Σ∆M/C , M =
Ti + Mo, Ti or Mo) calculated across all the cluster sizes for the various types
of clusters are shown in Table 6.4. The total deviation parameter for Ti-Mo-
C clusters (Σ∆(T i+Mo)/C) for 5 min coiling time is close to zero, which suggests
similar Ti-Mo-C cluster compositions to that expected in random data, and this
parameter shows only a small positive bias in the 20 min and 1 h coiling time
sample. Additionally, the plot in Figure 6.11g clearly indicates that the number
density of clusters is equal to or less than in the random data in all cases. As
such, the combination of the experimental-minus-random number density results
(Figure 6.11g) and the stoichiometric deviation results (Figure 6.12b and Table
6.4) indicate negligible Ti-Mo-C cluster formation.
For Ti-C clusters, the total deviation parameter (Σ∆T i/C) deviates significantly
from zero in the 5 min and 20 min coiling conditions compared to 1 h, which is close
to zero (Table 6.4). The larger positive value of the Ti-C total deviation parameter
in 20 min coiling time is due to the contribution from the clusters of 7-8 atoms size
(note the abrupt increase in the Ti/C ratio in Figure 6.12c for 20 min coiling time).
However again, the corresponding experimental number density at that size range
is found to be lower than that of the random dataset (Figure 6.11d). Similarly,
analysis of the Mo-C clusters reveals that the experimental-minus-random number
density (Figure 6.11e) and the deviation parameter (Figure 6.12f and Table 6.4)
indicates that small clusters (4-10 atoms in size) exist and only in the case of 5
min coiling time.
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6.8 Discussion
6.8.1 Effect of coiling time on solute clustering
The presence of clustering has been previously reported in similar steel systems
[17, 126, 127]. However, it is important to note that the present cluster-finding
approach is different from that reported in the literature. In the present case, the
clusters are defined to be composed of less than 30 atoms, since the cluster-finding
analysis was performed on the data remaining after removal of the solute aggre-
gates considered as precipitates (≥30 atoms). Whilst Mukherjee et al. [126, 127]
defined clusters to be composed of less than 50 atoms, the clusters having less
than 20 atoms were excluded from the analysis to supposedly avoid the effect of
random solute fluctuations. Therefore, it is possible that the clusters identified in
references [17, 126, 127] are actually defined as precipitates in the present case.
Furthermore, the cluster-finding process (based on the maximum separation en-
velope method) carried out in references [17, 126, 127] considered only C atoms
in the first, maximum separation step, where all other atoms (Fe, Ti, Mo) were
subsequently associated with the envelope and erosion steps. In contrast, we have
considered all solute atoms (Ti, Mo, and C) to determine the maximum sepa-
ration distance, dmax, and then subsequently avoid the association of Fe atoms
(i.e. L = E = 0). Therefore, the results of this cluster analysis differ from that
reported by Mukherjee et al. [17, 126, 127]. Moreover, the present cluster anal-
ysis adopts the approach of comparison of the experimental data with that of its
corresponding random labeled dataset [192, 193] such that the effect of random
compositional fluctuations is quantitatively assessed. Finally, it is important to
note that the limited detector efficiency of the atom probe instrument (∼ 42% in
the present case) influences the cluster analysis results by statistically affecting the
cluster size and number density distributions [45, 191, 206–211]. In other words,
small clusters identified in the current work may actually represent larger clusters,
which therefore affects the accuracy of only one individual result. Additionally, as
stated by Stephenson et al. [206], when using a minimum cluster-size threshold
(Nmin) to filter out small clusters deemed insignificant to the analysis, significant
errors in cluster number density calculations could subsequently result from such
filtering if detector efficiency is not taken into account. However, accurate quan-
titative information can still be obtained (without taking detector efficiency into
account) with respect to comparison of cluster-finding results from different data,
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i.e. between experimental and random data as mentioned above, and between ex-
perimental data representing different material conditions, if robust cluster-finding
methods are consistent applied for comparative purposes.
In the present case, like-atom clustering of C and Mo, respectively is evident from
the analysis in §6.7 (Figure 6.11b-c). Whilst C clusters are mostly in the form of
dimers (2-atom clusters), Mo clusters after 1 h coiling time reach up to 7 atoms
in size. As both C and Mo have a tendency to segregate at various defects in the
microstructure [32, 106, 212, 213] it is not surprising to encounter these kinds of
clusters, which possibly do not have any effect as precursors to precipitate forma-
tion, i.e. intrinsic cluster-assisted nucleation [50, 214]. We confirm the presence
of small (< 5 atoms) Ti-C and Mo-C clusters in the samples subjected to 5 min
coiling at 650 ℃, but clustering is not evident beyond that expected in a random
solid solution for longer coiling times (20 min and 1 h). As Ti and Mo are both
carbide formers, it is possible that they form clusters with C individually at the
initial stages of coiling at 650 ℃. Unlike solute clusters within certain aluminium
alloys (see [192, 193], for example) the effect of the clusters in the steel on the me-
chanical properties (e.g. hardness) is not obviously evident. However, it is possible
that the Ti-C and Mo-C clusters act as a precursor to the (Ti, Mo)C precipitates
formed later during coiling, either by Ti-C and Mo-C clusters merging together
or by the interaction of Mo atoms from the matrix with the Ti-C clusters. It
has been previously observed by Enloe et al. [145], that Mo is incorporated into
Nb-rich carbonitride formed in ferrite during nucleation and/or growth. Although
incorporation of Mo into the carbide structure is energetically unfavourable (with
respect to the formation energy at 0 K, from first-principles calculations [144]),
it is thought to reduce the misfit energy of TiC in ferrite, thereby reducing the
nucleation energy barrier and assisting in the formation of stable precipitates.
On a final note regarding clustering, the current analysis shows they are rather
small (< 5 atoms, notwithstanding the effect of atom probe detection efficiency)
and really only present (beyond that of random compositional fluctuations) at the
shortest coiling time (5 min), which could lend support to the suggestion that
the formation of stable carbide precipitates at the expense of the clusters (i.e. in-
trinsic cluster-assisted nucleation) begins to occur at longer coiling times (20 min
onwards).
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6.8.2 Precipitate coarsening kinetics
The nearly constant hardness response in the strain 1 specimens with various coil-
ing times of up to 1 hour (Figure 6.4b) can be attributed to the similar ferrite
grain sizes (Figure 6.4a) as well as the comparable number density of precipitates
(Figure 6.10a). The lower hardness values in strain 1 specimens after 10 h of
coiling time can be explained by the increasing grain size and decreasing number
density of precipitates, commensurate with the particle coarsening measured by
SANS (Figure 6.7a) and APT (Figure 6.10b). Similarly, less precipitation (Figure
6.10a) and larger grain size (Figure 6.4a) explains the lower hardness values in the
strain 0 specimens exhibiting ferrite microstructure at shorter coiling times (up to
1 h). Considering the similar trend in precipitate volume fraction with coiling time
obtained from SANS (Figure 6.7b) between both strain conditions, it is reasonable
to assume that the trend in the number density of precipitates in the strain 0 con-
ditions (not measured here) will be similar to that determined from APT for the
strain 1 condition Figure 6.10a). Therefore, the continuous decrease in hardness
in the strain 0 specimens (Figure 6.4b) is likely due to not only the decreasing
martensite fraction (§6.3) but also a lower number density of precipitates. As
mentioned above, the APT results from the C - 100 h S1 specimen show a signif-
icant decrease in the total number density of the precipitates compared to shorter
coiling times (Figure 6.10a), which indicates the precipitates are in the coarsening
stage. From the SANS results, however, it is observed in both strain conditions
that the average particle diameter does not exceed ∼ 5 nm (Figure 6.7a), even at
the longest coiling time (100 h at 650 ℃), suggesting the coarsening kinetics in
the present system to be slow irrespective of prior deformation conditions. The
coarsening behaviour of TiC precipitates at an aging temperature of 725 ℃ has
been studied in a model alloy by Dunlop and Honeycombe [14], who observed an
increase in the particle dimension, measured from TEM images (from 6.2 nm at
15 min to 9.1 nm after 15 h), with the particle size distribution becoming broader
at longer aging times compared to (V, Ti)C mixed-type precipitates, which exhib-
ited relatively higher coarsening resistance. They suggested that the reason for
the higher coarsening resistance was due to the lowering of the solubility of the
mixed type in the matrix because of the higher interatomic bonding energy of TiC
compared to VC. The coarsening rate of precipitates in a system strongly depends
on the diffusivity of the solute species involved and may be controlled by interface
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diffusion, bulk diffusion or pipe diffusion and given by the Lifshitz-Slyozov-Wagner
(LSW) theory [101, 102, 105, 215],
r¯(t)3 − r¯(0)3 = 8
9
γV 2mDCe
RT
t (6.4)
where, r¯ is the average particle radius at time t = 0, t; γ is the interfacial energy,
D is the diffusivity and Ce is the equilibrium concentration of the solute species;
Vm is the molar volume of the particle, R is the gas constant and T is the absolute
temperature. Equation 6.4 represents the volume-diffusion-controlled mechanism
of coarsening.
There are disagreements on the coherency of the interphase precipitates in the
existing literature [11, 13, 86, 95, 216, 217]. In the present thesis, the carbides
are assumed to be coherent to the matrix following Funakawa et al. [217], who
worked on a similar Ti-Mo steel. Assuming the particles are coherent in nature,
it is possible that the interfacial energy will be constant [217]. Therefore, the
coarsening kinetics of the precipitates will be restrained by the diffusivity of Ti
as well as the amount of Ti in the matrix in equilibrium with the precipitate,
since the diffusivity of carbon is higher than that of the substitutional atoms.
Jang et al. [144] have shown that presence of Mo in the precipitates reduces the
equilibrium Ti content in the matrix, thereby restricting the coarsening kinetics.
It has been proposed by Wang et al. [218] that during the (Ti, Mo)C precipitate
formation in austenite, a Mo-rich layer at the precipitate/matrix interface prevents
the diffusion of Ti and thereby lowers the coarsening rate of the particles. Similar
core-shell structure of the carbides in ferrite with a, enriched Mo,V-layer has been
reported in a Ti-Mo-V steel [106]. In that case, the carbides were associated with
microstructural defects such as grain boundaries and dislocations [106]. In the
current APT work (Figure 6.9) however, such Mo-rich layer was not observed
around any of the precipitates and the distribution of Mo was roughly uniform
in nature, similar to that observed for Nb-rich Mo-(C,N) precipitates by Enloe
et al. [145]. It is possible that the particles adopt such core-shell morphology
during a dislocation-assisted coarsening. As Mo tends to segregate more at the
microstructural defects compared to Ti [106], the availability of Mo for diffusion
increases in a dislocation-assisted coarsening, which could be the possible reason
for observing a Mo-rich shell with a TiC-rich core in reference [106]. Also, the
core-shell morphology of the carbides were observed in particles (∼ 15 nm [106])
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comparatively larger than the present work. Considering the conclusions made by
Balliger and Honeycombe [15] that at the initial stages, the particle coarsening is
interface-reaction-controlled, we conclude that the coarsening rate of the smaller
interphase precipitates in ferrite is not dependent on such a mechanism whereby
a Mo-rich layer acts as a barrier to Ti diffusion at the interface. Rather, the
rate diffusion of Ti for precipitate growth is reduced due to the lowering of the
equilibrium Ti content in the matrix as a consequence of the incorporation of Mo
into the precipitate structure. Further to this, however, it has been demonstrated
by Jang et al. [215] that an excess of C will also slow down the coarsening rate,
again due to a reduced concentration of Ti in the matrix that lowers the diffusion
gradient responsible for coarsening. From the matrix composition measurements
before and after precipitate removal in the APT data (Table 6.1 and 6.3), it is
evident in all cases that most of the Ti atoms are contained in carbide precipitates,
and there is an excess of C remaining in the matrix. Therefore, the results from the
current work support the conclusion that the coarsening rate of the precipitates
is controlled by both the presence of Mo and an excess C, which helps to reduce
the equilibrium Ti content in the matrix.
6.8.3 Evolution of precipitate composition
We observe by APT that the carbides are enriched in Ti, with a Ti/Mo atomic ratio
from 1.7 to 3.3 for all particle sizes (Figure 6.10c). Although this is different to the
results obtained by Funakawa et al. [6] who report the Ti/Mo ratio to be 1.16, the
current results are quite similar to other reports for similar systems containing Ti-
enriched precipitates [126, 204]. Notwithstanding that it has been demonstrated
that the incorporation of Mo into the TiC lattice is thermodynamically unfeasible
[218]. It has also been suggested that Mo plays a role in both the initial stages of
precipitate formation and at the latter stages of growth, where the Mo content in
the precipitates should be reduced as diffusion of Ti becomes the rate-controlling
step for growth or coarsening [144]. Whilst reports based on energy dispersive
spectroscopy in similar steel systems indicate an increasing Ti/Mo atomic ratio
with increasing particle size [5, 144], we observe by APT a slightly decreasing
trend (Figure 6.10c). Although there are variabilities in the results in Figure
6.10c, the Ti/Mo ratios in larger particles (particles having ≥ 5 nm Guinier radius
and assumed to have stabilised in composition) for various coiling conditions are
similar (varying between 1.9 2.2 nm), except C - 5 min S1 sample. The trend in
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the Ti/Mo ratio across various particle sizes in the C - 100 h S1 sample showed
less variability compared to the shorter coiling conditions (up to 1 h coiling time),
suggesting the particle composition have been stabilised irrespective of their size.
The fact that the Ti/Mo ratio range observed in C - 100 h S1 specimen (1.9
2.2 nm) is also shared by the larger particles (≥ 5 nm Guinier radius) in coiling
ranges between 20 min and 1 h time, indicates that the larger particles in the
shorter coiling times are also stabilised in chemical composition. However, the
exceptional Ti/Mo ratio in C - 5 min S1 sample suggests metastable nature of
the carbides even in larger particles, indicating the fact that incorporation of Mo
in the carbide lattice is still followed after 5 min of coiling time. Whilst it is
possible that the Mo concentration in the particles is higher at the nucleation
stage compared to that in growth/coarsening stage, it cannot be confirmed based
on the present results. This is because all the particles in the present work are
likely to be in growth/coarsening stage. This conclusion is also supported by Seol
et al.’s [106] work in a Ti-Mo-V based steel system. They reported the Mo-C rich
carbides were of ≤ 0.5 nm size. Whilst the measurements in [106] were based on
atom probe results, the size range of the Mo-C rich carbides was smaller than that
observed in the present work, suggesting the carbides are in the growth/coarsening
regime in the current work. It is also interesting to note that the variability in C
fraction in the precipitates (Figure 6.10d) across various size ranges is small and
except some points it stayed in the range of 0.45 0.60, not changing even after
100 h of coiling time (especially in the particles having more than 3 nm Guinier
radius). This observation suggests that the amount of C atoms to be present
in the carbide structure is stabilised at the early stages and transformation and
therefore, it supports the fact that the growth/ coarsening rate in the carbides are
governed by the diffusion of metallic elements that formed the carbide lattice.
6.9 Conclusion
The evolution of carbides formed in ferrite at various coiling conditions has been
investigated in a Ti-Mo bearing microalloyed steel. Solute clustering has been
found in the form of Ti-C and Mo-C clusters in specimens with prior deformation
(strain = 1), but only at the shortest coiling time (5 min). Although the effect
of solute clustering on the measured hardness of the steel is not evident from the
present investigation, it is possible that the solute clusters serve as a precursor to
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the formation of the carbide precipitates by potential interaction between the Ti-C
and Mo-C clusters. Both SANS and APT results reveal that the coarsening kinetics
of these carbide precipitates are slow, given their small size (∼ 5 nm diameter)
after 100 h coiling at 650 ℃, and the APT results support the hypothesis that
there is a a negligible amount of Ti available for diffusion given both an excess of
C in the matrix and also the presence of Mo (∼ 30% of the total metal content),
which potentially lowers the diffusivity of Ti at the interface. Larger precipitates
(> 3 nm) reach a stable compositional stoichiometry, exhibiting a Ti/Mo atomic
ratio and C fraction in the range of 1.7-2.5 and 0.45-0.60, respectively.
Chapter 7
Effect of Mo on microstructural
evolution
7.1 Introduction
This chapter discusses the role of carbide forming elements (specifically Mo) on
the microstructure evolution with an emphasis on the precipitation process during
the austenite to ferrite phase transformation and in ferrite. The Ti and Mo com-
position in the steel was varied for this purpose. This chapter primarily presents
the results for steels A, B and D and compares them with that of steel C. Although
Ti is known to favour ferrite formation due to its strong affinity with C, the role of
Mo in the phase transformation is complex. Mo is a transition metal belonging to
group VI of the periodic table and is known as a strong carbide former i.e. ferrite
former. However it is also added to steel in order to increase hardenability, which
means that Mo has a role in stabilising austenite. These two contrasting effects of
Mo on the phase transformation kinetics of Ti-Mo steels, as well as on the carbide
precipitation process, are discussed. Also, similar to steel C, possible clustering
amongst the carbide forming elements (Ti, Mo and C) has been analysed for their
potential role to assist carbide precipitation.
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7.2 Materials processing
All the steels were thermomechanically treated as per the schedule shown in Figure
7.1. The steels were heated to an austenitising temperature of 1200 ℃ followed
by deformation of true strain 1 at 890 ℃ and then coiled at 675 ℃ for various
times to study the evolution of precipitates. It is noted that steel C was held at
650 ℃, the coiling temperature being adapted from [126]. In contrast, the coiling
temperature for the other steels (A, B and D) was determined from the corre-
sponding continuous cooling transformation (CCT) diagrams (Appendix A). The
coiling temperature was selected such that the austenite to ferrite transformation
was almost complete in all the steel compositions. This was done to ensure the
occurrence of interphase precipitates in the microstructure.
The specimens in the present chapter are referred by their steel nomenclature (A,
B, C or D) and respective coiling times (5 min, 20 min or 1 h). For example, a
specimen of steel A coiled for 5 min in this chapter is referred as A - 5 min. The
strain term (S0 or S1 as defined in Chapter 6) is not included in the nomenclature
in the present chapter since these results are only for the specimens subjected to
strain 1.
Figure 7.1: Thermomechanical processing schedule of all steels.
7.3 Microstructural and hardness evolution
The microstructural evolution of all the steels coiled for various time periods have
been compared in Figure 7.2. The dark and light etched phases are identified
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as martensite and ferrite, respectively. Clearly, the austenite to ferrite phase
transformation has been completed within 5 min of coiling in steels A to C (Figure
7.2a-i). However, the transformation is not complete in steel D even after 1 h of
coiling (Figure 7.2j-l). The case of steel D has been discussed later. The presence of
Ti(C,N) particles, seemingly formed during the solidification process (recognisable
from their cuboid shape and large size [219]) was observed in all the steels except
steel C. This might be due to the casting process being different for steels A, B
and D (produced in-house) to steel C, which was produced in an industrial setting
(Tata Steel Ltd.). Representative examples of such Ti(C,N) particles are shown
in Figure 7.3.
Figure 7.2: Optical observation in steels (a-c) A, (d-f) B, (g-i) C and (j-l)
D, coiled for various amount of time (5 min, 20 min and 1 h). Arrows in (j-l)
indicate martensite.
The average ferrite grain size of the steels reduced from 13±2 µm (steel A) to
5±2 µ m (steel D), with increasing Mo content (Figure 7.4a), but did not change
significantly as a function of coiling time. From the hardness plot (Figure 7.4b),
it is evident that the highest hardness has been achieved by steel C in all of the
three coiling times. The hardness for steel B showed gradual increase with coiling
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Figure 7.3: Ti(C,N) particles formed during casting; as observed in specimens
(a) A - 1 h and (b) B - 5 min.
time, achieving highest value at 1 h of coiling time. Steel A showed a decreasing
trend in hardness with coiling time. For steel D, the average ferrite grain sizes
for all coiling times are found to be in a range between that observed in steels A
and B. Interestingly, a significant reduction in the hardness is observed in steel D
samples compared to the other three steels, irrespective of coiling time.
The strength (σ) of a material can be approximately estimated from the Vickers
hardness (HV) using the following equation [220, 221],
σ = 3×HV (7.1)
As the motivation of this dissertation is to study the precipitation behaviour in
the steels, it is necessary to determine the strengthening contribution of the pre-
cipitates in the microstructure formed during the thermomechanical processing
(TMP). Therefore, the hardness values were converted to equivalent yield strength,
Figure 7.4b.
In the present steel compositions, the major forms of strengthening can be solid
solution strengthening, grain boundary strengthening, precipitation hardening and
strengthening from dislocations. However, understanding the superposition of
strengthening contributions is complex, as discussed in Chapter 2. In the present
work, an empirical equation for mild steel has been utilised (Equation 7.2), which
estimates the solid solution and grain boundary strengthening contributions [222]:
σ = 15.4(3.5 + 2.1× [Mn] + 5.4× [Si] + 23.4× [C] + 23× [Nf ] + 0.71×D−12 ) (7.2)
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(b)
(a)
Figure 7.4: (a) Average grain size and (b) Vickers hardness of all the steels
coiled for different amount of time; dashed lines in (b) shows the estimated
tensile strength.
where, σ is the tensile strength, [x] is the amount of element x (in wt. %), and D
is the average grain diameter (in m). The last part of Equation 7.2 is related to
the grain boundary strengthening, as given by the Hall-Petch equation [25–27].
In steel D, the effect of martensite in the steel strength was also considered. The
calculation of the strengthening contributions from martensite is complex as fac-
tors such as morphology, volume fraction and C content in the martensite need to
be considered. However, the steel strength and martensite volume fraction (Vm)
seem to follow a linear relationship when Vm is below 0.5 [223, 224]. The ten-
sile strength (σTS) of a ferritic-martensitic steel can be empirically estimated by
following the law of mixtures [223, 225]:
σTS = σmVm + σf (1− Vm) (7.3)
where, σm and σf are the tensile strengths of the martensite and ferrite, respec-
tively.
In the present work, the strength of martensite has been predicted by [226]:
σm = 541 + 2289(Cm)
1/2 (7.4)
where, Cm is the martensite carbon concentration given by [226]:
Cm = (C − Cf )/Vm + Cf (7.5)
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Figure 7.5: Contribution from various kind of strengthening towards the ten-
sile strength in all the steels (A to D). Abbreviations used in the plot: SS (solid
solution strengthening), GB (grain boundary strengthening), Ppt (combined
contribution of precipitation and dislocation strengthening) and M (strength-
ening from martensite).
where, C and Cf are the carbon concentration (in wt. %) of the steel and ferrite,
respectively.
In the case of steel D, the martensite volume fraction varied between 0.4% and
0.6% up to 1 h coiling time. Assuming the C concentration in ferrite is 0.02
wt. %, the Cm value can be calculated using Equation 7.5. The contribution of
martensite in the strengthening of steel D using Equations 7.3 and 7.4 was found
to vary between 31 and 39 MPa.
The strengthening contributions from precipitates and dislocations have been es-
timated by subtracting the solid solution and grain boundary strengthening con-
tributions (Equation 7.2) from the total strength of the steel (as determined from
hardness, Equation 7.1). For steel D, the strengthening from martensite was also
subtracted for an estimation of the precipitate and dislocation strengthening. As-
suming that the dislocation strengthening contribution is constant (as the trans-
formation temperature in the steels are similar, the dislocation density is also
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expected to be approximately similar), the effect of precipitation hardening in the
total strength of the steel can be evaluated. However, it is important to note that
this method of precipitation strengthening estimation is simplified considering the
use of empirical equations and complexity of the superposition of strengthening.
Figure 7.5 shows the individual strength contributions from solid solution, grain
boundary and precipitation (and dislocation) hardening. Solid solution strength-
ening is determined on the basis of steel composition and therefore is not influ-
enced by the processing conditions. Comparatively higher values of solid solution
strengthening observed in steel B (10 MPa higher than A-D), is a result of com-
paratively higher Mn in that steel. In contrast to the solid solution strengthening,
both grain boundary and precipitation strengthening are controlled by the steel
processing conditions. It is evident from Figure 7.5, that the combined contribu-
tions of precipitation and dislocation strengthening make up the majority of the
tensile strength of these steels.
7.4 Electron microscopy
Transmission electron microscopy was performed on selected specimens, primar-
ily to verify interphase precipitation in the steels. Since interphase precipitation
occurs during austenite to ferrite transformation, electron microscopy was per-
formed only on the 5 min coiling time samples for steels A and B, where complete
transformation into ferrite had occurred.
TEM confirmed fully ferritic microstructure with formation of two types of ferrite
grains, with high and low dislocation density (Figure 7.6a). Systematic rows of
interphase precipitates were observed both in steels A and B (Figure 7.6). The
rows sometimes are appeared to curved in nature (example of this observation
can be found in Figure 7.6b; the precipitate rows situated at the direction of the
arrow are curved.). However, the curved appearance of the rows can also be due
to the effect of three dimensional curvature of the grain. Some of the precipitates
were distinctly appeared to be linked by curved lines (marked by arrows in Figure
7.6b and d), which was also observed in steel C (Figure 6.5) and possibly formed
in austenite. It is interesting to note that the rows of interphase precipitates are
interrupted at regions where these kind precipitates were observed. Unlike steels
A to C, the precipitates in steel D seem to exhibit a random distribution (TEM
was performed in the D - 20 min specimen, Figure 7.7a). Carbon replicas were
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Figure 7.6: Bright field images showing (a and c) general ferrite microstructure
and (b and d) interphase precipitates in steels A and B, respectively. The arrows
in b and d shows precipitates different from the characteristic appearance of
interphase precipitates.
prepared from the steel D specimens in order to obtain better diffraction patterns
of the particles without any interference from the matrix reflections and also to
study the particle morphology. Apart from precipitates of somewhat elliptical
and spherical shape, comparatively coarser precipitates of about 50 nm size were
observed. The large size of the precipitates indicate that those were formed at
higher temperatures. The cuboid shape of the coarser precipitates were typically
of TiN formed possibly during casting [219] and often include C in the structure.
Due to limited solubility even at elevated temperatures [227], these precipitates
could not be dissolved at the austenitising temperature (1200 ℃) used in the
present work. Presence of this kind of precipitate was also observed by optical
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Table 7.1: Spacing between interphase precipitate rows
Steel Row spacing (nm)
A 16±2
B 15±6
C 12±2
microscopy (Figure 7.3). The smaller particles (Figure 7.7b-d) were found to be
of average diameter of 3.1 ± 1.3 nm, ranging from 0.96 to 6.1 nm. Selected area
electron diffraction of the smaller particles revealed diffraction rings, as shown
in the inset of Figure 7.7b. The lattice spacing (d) was measured following the
equation,
d = (λ× l)/r (7.6)
where, λ is the electron wavelength, l is the camera length and r is the distance
of a diffraction ring from the central spot/ring. An electron wavelength of 0.0027
nm (corresponding to 200 kV voltage) and camera length of 120 mm was used for
d-spacing calculation. The results were found to match well with that of the TiC
crystal structure, suggesting the small precipitates to be MC-type.
The spacing between rows of interphase precipitates was also measured from the
TEM images. It is important to mention that the row spacing between the precip-
itates does not change with coiling time, as it takes place on the transformation
front during the austenite to ferrite phase transformation, which in the present
case was completed after 5 min coiling time for steels A and B. Therefore, the
average row spacing determined in a sample coiled for 5 min should represent the
average row spacing of the interphase precipitates formed in all samples of same
chemical composition coiled for different amount of time. The average interphase
precipitate row spacing determined in steels A and B are presented in Table 7.1
and compared with that in steel C. Clearly, the precipitate row spacing in steels
A and B are similar, but reduced in the case of steel C.
136 Chapter 7 Effect of Mo on microstructural evolution
Figure 7.7: (a) Bright field images showing random distribution of precipitates
in steel D at 20 min coiling time; (b-d) Precipitates formed in steel D as seen
in carbon replicas. Arrow in (c) indicate a comparatively large titanium carbo-
nitride precipitate formed at higher temperature.
7.5 Atom probe results
Representative mass spectrum obtained from steels A, B and D are shown in Figure
7.8. Unlike steel C (Figure 6.8), peaks of P and Cr are observed in the mass spectra
of steels A, B and D. A minor peak of Cr is found to be overlapping with Ti at
25 Da. Peak decomposition was performed in order to label the overlapping peak
with a single ion. The results are shown in Table 7.2.
The decomposed abundance value was found to match with that of the expected
abundance for Ti2+ ion. But in the case of Cr2+ ion, the decomposed abundance is
lower than expected. Based on these results, the 25 Da peak has been identified as
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(a)
(b)
(c)
Ti2+/ Cr2+
Ti2+/ Cr2+
Ti2+/ Cr2+
Figure 7.8: Representative mass spectrum of steels (a) A (b) B and (c) D.
Ti. The chemical composition of the steels are presented in Table 7.3. Compared
to the Ti composition measured by spark optical emission spectroscopy (0.27 and
0.197 at. % in steels A and B, 0.114 at. % in steels C and D, see Table 4.1),
the Ti content was found to be lower in that observed in Table 7.3 for steels A, B
and D. In all the cases (except steel C), the Ti content (from APT) is about 0.08-
0.09 at. % less from their respective values measured by spark optical emission
spectroscopy (spark OES). One of the reasons for this difference is the formation
of Ti(C,N) particles during the solidification of the steels (Figures 7.3 and 7.7c),
partially consuming the available Ti. Since none of the APT datasets contain
such large Ti(C,N) cuboids (Figures 7.9-7.11), the APT chemical composition of
the steels represent only the ferrite containing smaller precipitates formed during
phase transformation or later in ferrite. A reduction in the effective amount of Ti
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Table 7.2: Peak decomposition for Ti2+ and Cr2+ at 25 Da range
Steel Ion Range
Decomposed
abundance
Expected
abundance
Estimated
error
A
49.95Ti2+ 24.92-25.03 0.05442 0.05185 0.00221
49.95Cr2+ 24.92-25.03 0.01144 0.04345 0.001245
B
49.95Ti2+ 24.92-25.03 0.05277 0.05185 0.00258
49.95Cr2+ 24.92-25.03 0.01654 0.04345 0.00107
D
49.95Ti2+ 24.92-25.03 0.05201 0.05185 0.00522
49.95Cr2+ 24.92-25.03 0.01136 0.04345 7.69×104
Table 7.3: APT bulk chemical composition of all conditions(errors are in the
range of 0.001-0.005 at. %)
Steel C Mn Ti Mo Si Al Cr P
A - 5 min 0.23 1.35 0.20 - 0.63 0.06 0.04 0.01
A - 20 min 0.17 1.35 0.15 - 0.61 0.06 0.05 0.01
A - 1 h 0.17 1.43 0.17 - 0.62 0.06 0.05 0.01
B - 5 min 0.14 1.47 0.09 0.04 0.84 0.02 0.05 0.01
B - 20 min 0.19 1.57 0.12 0.04 0.87 0.02 0.06 0.01
B - 1 h 0.15 1.55 0.14 0.05 0.94 0.02 0.06 0.03
C - 5 min 0.18 1.50 0.12 0.11 0.43 0.07 - -
C - 20 min 0.15 1.43 0.10 0.10 0.40 0.07 - -
C - 1 h 0.15 1.5 0.11 0.12 0.43 0.07 - -
D - 5 min 0.10 1.40 0.02 0.22 0.83 0.002 0.03 0.01
D - 20 min 0.15 1.40 0.02 0.22 0.83 0.002 0.03 0.01
D - 1 h 0.08 1.65 0.02 0.24 0.97 0.003 0.03 0.01
available for further precipitation will influence the volume fraction and number
density of the precipitates observed in ferrite.
Looking at Tables 7.3 and 4.1, a discrepancy in the C concentration for all the
steels can also be found between APT and spark OES results. However, the differ-
ence between the two methods is lower (≤ 0.04 at. %) for steels A to C, compared
to that observed for Ti content. Although spark OES is a widely used technique in
the steel industry, its detection power is lower compared to the other spectroscopic
techniques such as inductive coupled plasma-atomic emission spectrometry (ICP-
AES) and inductive coupled plasma-mass spectrometry (ICP-MS) [228]. Whilst
atom probe has its own limitations in carbon detection [52], high chemical resolu-
tion still can be achieved in APT from its time-of-flight (TOF) mass spectroscopy
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Figure 7.9: Distribution of Ti and C atoms in (a) A - 5 min (b) A - 20 min
and (c) A - 1 h.
[18, 229]. In addition, due to the local probing nature of APT, the concentration
of elements is expected to vary from the nominal composition (in the present case,
the nominal composition matches that measured by the spark-OES) depending on
the area probed.
The distribution of solute atoms (Ti, Mo and C) in samples of steels A, B and
D subjected to various coiling conditions are shown in Figure 7.9, 7.10 and 7.11,
respectively. Solute segregated regions are clearly observed in all conditions. Also,
in some instances, rows of interphase precipitates are distinguished (Figure 7.10a
and d). However, segregation of Mo is visually not clear from the atom maps,
especially in steel D, which has a high Mo concentration compared to the other
three steels (A, B and C), resulting in higher atomic density of Mo in the APT
maps. Regions of primarily C segregation have been observed in D - 5 min and
D - 20 min (marked by arrows in Figure 7.11a and b), suggesting the presence of
dislocations in the microstructure, formed as a result of volume change associated
with the austenite to ferrite/martensite phase transformation [16, 24].
In order to perform cluster-finding analysis on the datasets, knowledge of the
elements constituting the particles is necessary. Therefore, proximity histograms
were determined from the particles highlighted by 1.5 at. % C isoconcentration
surface (voxel size : 1×1×1 nm3 and delocalisation distance : 3×3×1.5 nm3) to
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Figure 7.10: Distribution of Ti, Mo and C atoms in (a) B - 5 min (b) B - 20
min and (c) B - 1 h; (d) rows of interphase precipitation can be observed after
rotating the atom map in (c).
identify the solutes responsible for precipitating. The threshold concentration of
C (Cthreshold) was selected based on the condition that the C concentration at the
interface would match the selected Cthreshold value [230] and also should produce
morphologically stable interfaces [171]. Representative proxigrams for each steel
for 20 min coiling time are shown in Figure 7.12. In all the cases, the concentration
of Ti, Mo and C increased from the interface, with decreasing Fe content. The
concentration of Fe decreased from the interface in a gradual manner, which is a
result of the local magnification effect (refer to Chapter 5). The results of Figure
7.12 suggests the presence of all the solute atoms of interest (Ti, Mo and C) in the
particles. Based on this, the 3rd nearest neighbour distance has been determined
for each condition to find the appropriate dmax of the maximum separation method
(refer to Chapter 5 for details of the cluster-finding procedure). The results of the
cluster-finding analysis for precipitates and clusters is presented in the following
sections.
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Figure 7.11: Distribution of Ti and C atoms in (a) D - 5 min (b) D - 20 min
and (c) D - 1 h. C segregation along dislocations is also observed in atom maps
in (a) and (b), shown by arrows. Note: Mo atoms are not shown for clarity
purpose.
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Figure 7.12: Proximity histogram obtained for particles identified by 1.5 at.
% C isosurface in steels (a) A - 20 min (b) B - 20 min and (c) D - 20 min.
7.5.1 Evolution of precipitate distribution
The total number densities of the precipitates in steels A, B and D are plotted in
Figure 7.13 (refer Chapter 5 for details of the procedure). Results of steel C for 5
min to 1 h coiling time are also presented for comparison purpose. The precipitate
number densities in steel C and D are almost constant over coiling time, whilst in
steels A and B, it increased from 5 min to 20 min, followed by either a drop (steel
A) or further increase (steel B) after 1 h coiling time. Interestingly, the number
density of precipitates in steel B is considerably lower than that in steels A and C,
although the total solute content (Ti+Mo) in steel B is higher than that in steel
A (Table 7.3). The precipitate number density in steel D is also lower than that
in steels A and C, but comparable to that in steel B up to 20 min coiling time.
The precipitate distributions over various size ranges (average Guinier radius) for
all the steels are shown in Figure 7.13b-e. In most of the cases, the majority of
the precipitates are within 4 nm average Guinier radius. This suggests that the
relative coarsening of the precipitates with increasing coiling time is low. The
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Figure 7.13: (a) Total number density of precipitates in steels A to D, coiled
for various time periods; size distribution of the precipitates in steel (b) A, (c)
B, (d) C and (e) D.
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relative changes in the size distribution histogram across various coiling times is
small in steel C compared to A and B. The changes in steels A and B are due
to the formation of new precipitates in ferrite for steels A and B with increasing
coiling time (Figure 7.13a).
7.5.2 Evolution of precipitate chemical composition
The chemical composition of the precipitates have been represented by the C/M
(M, total metal ions = Ti or Ti+Mo) ratio for all the steels (Figure 7.14a-d). In
Mo-bearing steels, the Ti/Mo atomic ratio (Figure 7.14e-g) as well as the Mo site
fraction (Figure 7.14h) have also been reported. The C/M ratio seem to be fixed
in the range of 0.4 to 0.65 in most of the precipitates (≥ 3 nm average Guinier
radius, Figure 7.14a-d), irrespective of the bulk chemical composition of the steel.
In contrast, the Ti/Mo ratio varied depending on the chemical composition of the
steels (Figure 7.14e-g), suggesting the Ti and Mo composition of the precipitates
depends on their concentration in the matrix. The average fraction of Mo in the
precipitates also suggested the same, which showed an increase in the Mo fraction
with increasing Mo in the bulk composition (Figure 7.14h).
7.5.3 Evolution of solute cluster distribution
The possibility of solute clustering (< 30 atoms size) in steels A and B has been
investigated in a similar manner as steel C (refer to Chapter 6). The experimental-
minus-random number densities of the various like-atom and mixed-atom clusters
for the two steels are presented in Figure 7.15. The errors are given by the addition
of the standard deviation of the number density of clusters, following Ceguerra
et al. [202]. As the results have been presented in a similar way as steel C
(presented in Chapter 6), they are also directly comparable to the results reported
in [192, 193]. For comparison purposes, only the cluster sizes that were identified
both in the experimental and random data, are presented in Figure 7.15. Like
steel C, Ti-Mo clusters are not considered for analysis in steels A and B, as they
are assumed to not act as a intrinsic precursor to the carbide precipitates. It is
important to mention that the cluster analysis for small particles (< 30 atoms size)
was not performed in steel D assuming the procedure would not be useful due to
comparatively less Ti and C in the matrix, which are the primary constituents
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Figure 7.14: Chemical composition of the precipitates represented by C/M
(M,total metal content = Ti or Ti+Mo) in steels (a) A, (b) B, (c) C and (d) D;
Ti/Mo ratio in steels (e) B, (f) C and (g) D; (h) fraction of Mo occupying the
metallic ion sites in the carbides.
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considered to form clusters that act as precursors to the formation of (Ti,Mo)C
carbides.
It is clear from Figure 7.15 that the size of the clusters did not exceed 10 atoms
in any of the cases, except the Ti-C (steel A, Figure 7.15c) and Ti-Mo-C clusters
(steel B, Figure 7.15i). More than 10 atoms cluster size was also observed for
Ti-Mo-C clusters in steel C (Figure 6.11g). The clustering above that in random
is mostly observed in the smaller cluster sizes (≤ 4 atoms) for all the categories
of clusters, both in the steels A and B. In all the other cases, the experimental-
minus-random value is either close to zero or negative, suggesting the clustering
in those cases to be similar to that observed in random data. No particular trend
with increasing coiling time has been observed for any of the cluster types in steel
A. However, in steel B, the experimental-minus-random number density plots for
all type clusters showed a positive value at 20 min coiling time, which decreased
with increasing cluster sizes, but limited to 5 atoms cluster size (Figure 7.15d-i),
suggesting clustering above that in the random data. However, for other coiling
times (5 min and 1 h), no such trend in the experimental-minus-random number
density plots has been observed. Overall, in steel A, possible Ti-C clustering has
been observed for 5 min and 20 min coiling times, up to 8 atoms cluster size. For
steel B, in 20 min coiling time sample, clustering of Ti-C, Mo-C and Ti-Mo-C
is possible, with a maximum cluster size of 5 atoms. The evolution of chemical
composition of the clusters has also been studied to confirm the clustering in the
steels. The results are presented in §7.5.4.
7.5.4 Evolution of solute cluster chemistry
The evolution of chemical composition of the mixed-type solute clusters in steels
A and B has been investigated in a similar manner to steel C, i.e. by comparing
the M/C ratio (M = Ti, Mo or Ti+Mo) of the experimental and random clusters.
The results are shown in Figure 7.16. For steel A, the Ti/C ratio in the Ti - C
clusters (Figure 7.16a) seems to be higher than that in random for A - 5 min and
A - 1 h cases, compared to A - 20 min sample. Unlike steel A, the Ti/C ratio of
the Ti-C clusters in steel B (Figure 7.16e) closely followed the random data. The
M/C ratio for the Ti-Mo-C and Mo-C clusters also seem to follow the random plot
in a similar manner to Ti-C clusters (Figure 7.16c and g).
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Figure 7.15: Experimental-minus-random number density of (a) Ti-Ti (b) C-
C and (c) Ti-C clusters in steel A, and (d) Ti-Ti (e) Mo-Mo (f) C-C (g) Ti-C,
(h) Mo-C and (i) Ti-Mo-C clusters in steel B, various coiling times.
To further investigate clustering in the steels, the stoichiometric deviations of the
various atomic ratios from that in composition were studied, in a manner similar
to steel C (Refer to §6.7.2 in Chapter 6). The results are presented in Figure
7.16b,d,f,h. The values of the total deviation parameter (sum of all the stoichio-
metric deviations from the respective ratios across all the size range; Σ∆M/C , M =
Ti, Mo or Ti+Mo) corresponding to the various atomic ratios are listed in Table
7.4. For steel A, the Σ∆M/C parameter showed a positive bias in all the three
coiling times. It is evident from Figure 7.16b that the positive values have been
contributed by clusters corresponding to the 5 - 26, 3 - 8 and 7 - 24 atoms size
ranges, in A - 5 min, A - 20 min and A - 1 h samples, respectively. However, the
Ti - C cluster number densities for A - 5 min and A - 1 h samples were found
to be lower than that in random for the size ranges in question and therefore,
presence of Ti - C clusters in those samples could not be ascertained. In contrast,
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Figure 7.16: Comparison between experimental and random results for (a)
Ti/C ratio in Ti-C clusters, steel A; (c) (Ti+Mo)/C ratio in Ti-Mo-C clusters,
(e)Ti/C ratio in Ti-C ratio and (g) Mo/C ratio in Mo-C clusters in steel B. (b,d,f
and h) shows the corresponding stoichiometric deviation of the M/C (M=Ti,
Mo or Ti+Mo) ratios in various steels coiled for different amount of time.
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Table 7.4: Total deviation parameter in Ti-Mo-C, Ti-C, and Mo-C clusters in
steels A and B
Total deviation Condition
5 min 20 min 1 h
A - Σ∆T i/C 7.61± 0.03 1.33± 0.01 7.76± 0.16
B - Σ∆(T i+Mo)/C −3.74± 0.02 −0.64± 0.02 −0.03± 0.13
B - Σ∆T i/C −0.67± 0.02 0.28± 0.01 0.18± 0.10
B - Σ∆Mo/C 0.39± 0.02 −2.50± 0.01 −0.48± 0.09
the experimental-minus-random number density of the Ti - C clusters in A - 20
min samples exhibited positive values, suggesting clustering of Ti and C atoms.
In steel B, positive bias in the Σ∆M/C parameter was only observed for Ti-C (20
min and 1 h) and Mo-C clusters (5 min). For the Ti-C clusters, the positive
values of the Σ∆M/C parameter have been contributed by the clusters in the 4 -
8 and 4 - 10 atoms size range, in B - 20 min and B - 1 h specimens, respectively
(Figure 7.16f and h). However, the number density of Ti-C clusters (Figure 7.15g)
is above that of the random data only in B - 20 min specimen for the said size
range. For the Mo-C clusters, the number density in B - 5 min sample is lower than
that in random across the whole cluster size range. The inconsistencies between
the cluster distribution (experimental-minus-random number density plots) and
cluster chemistry (Σ∆M/C parameter) results suggested the Mo-C clustering did
not occur in steel B in any of the coiling conditions, whilst Ti-C clustering was
only confirmed in the B - 20 min specimen.
7.6 Discussion
The discussion of the results are divided into several sections, mainly focusing on
the effect of Mo on the microstructural and precipitate evolution. The results can
be summarised as following,
• Smaller average ferrite grain size was observed with increasing Mo content
in the steels (Figure 7.4a).
• Formation of Ti(C,N) particles during casting resulted in the decrease of the
available amount of Ti and C in the solid solution (Table 7.3).
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• Assuming that dislocation hardening is constant across the various compo-
sition of the steels, precipitation hardening is the major contributor to the
strength of all the steels (Figure 7.5).
• The precipitation process seems to be slower in B - 5 min specimen, compared
to steels A and C, although the ferrite transformation is complete after 5 min
in all the steels (Figure 7.13a). In steel D, the precipitate number density is
comparatively lower than the other steels.
• The peak of the size distribution histogram stayed in the 2 - 4 nm range
irrespective of the steel composition, suggesting a slow growth/coarsening
rate in all the steels (Figure 7.13b-e).
• The relative C fraction in the precipitates is found to be stable and does not
depend on the bulk composition of the steel. However, the Mo fraction in the
precipitates showed an increasing trend with increasing Mo concentration in
the steels (Figure 7.14).
• Solute clustering of the Ti - C type has been confirmed in steels A and B for
specimens of 20 min coiling time.
7.6.1 Effect of Mo on the evolution of microstructure
The chemical composition initially developed at JFE steel is similar to that of steel
C in the present work. Funakawa et al. justified the addition of Mo in smaller
amounts to decelerate the pearlite reaction [6]. As a strong carbide former, Mo
can be considered as ferrite stabiliser and therefore, is expected to accelerate the
austenite to ferrite phase transformation. However, the relative strength of Mo as
a ferrite former is significantly less compared to that of Ti [81]. Mo is also known
to segregate at the moving interface during the phase transformation, resulting in
a solute drag like effect [231]. This effect of Mo would therefore encourage the
phase transformation to be slow compared to the steels that contain only Ti (and
no Mo). This suggests that Mo also retards the austenite to ferrite transformation
and as such, is a well-known element added to steel to increase hardenability. In
the present work, we observe that the austenite to ferrite transformation is not
complete in steel D even after 1 h of coiling, while in the rest of the steels, it is
complete after 5 min coiling time. Although spark OES results revealed about 0.11
at. % Ti in the steel D composition, it is clear from the APT bulk composition
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(Table 7.3) results that the effective amount of Ti present in the steel is reduced
to about 0.02 at. % due to the formation of the Ti(C,N) particles during the
casting process. The austenite to ferrite phase transformation kinetics is therefore
affected due to limited availability of Ti (since the Ti(C,N) particles formed during
solidification were not dissolved during the homogenisation of the steel) and also
the relatively large amount of Mo in the steel, resulting in the retention of austenite
even after 1 h of coiling at 675 ℃.
Another noticeable feature of the microstructures of the various steels is the rela-
tive change in ferrite grain size. The grain size showed a decreasing trend as the
Mo content in the steels increased (from steels A to D). The grain size reduction
in microalloyed steels subjected to TMP is due to a combination of reasons. As
the deformation in austenite during the TMP was performed below the steel’s Tnr
(non-recrystallization) temperature, the deformed shape of the austenite grains
were retained, which together with an incomplete recovery assisted in forming fine
ferrite grains [88, 232]. Also, carbide precipitates formed in austenite (such as
strain-induced precipitates) will pin the austenite grain boundaries, retarding re-
crystallisation and will help to produce a refined ferrite grain structure. However,
the gradual decrease in ferrite grain size in steels A to D is due to increased amount
of Mo in the steels. As mentioned previously, Mo delays the austenite to ferrite
transformation [231] and, in turn, lowers the transformation temperature. Thus
formation of pro-eutectoid ferrite will be retarded in the presence of Mo, further
reducing the average ferrite grain size in the final microstructure. Naturally, the
extent of retardation of the transformation reaction increases with an increase in
Mo content of the steel, as the amount of Mo in solid solution increases (Table
7.3).
7.6.2 Precipitation strengthening
It is clear from Figure 7.5 that the combined contribution of the precipitation
and dislocation strengthening in the strength of the steels is greatest. As contri-
bution from solid solution strengthening is almost constant in all the steels (the
difference amongst the various steels were not more than 20 MPa) and assuming
that the dislocation density is constant across all the steel compositions, it can be
expected that the difference in the strength of the steels is governed by variation
in the ferrite grain size, number density and size distribution of the precipitates
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formed at different coiling times. The precipitate number density (Figure 7.13a) is
found to be highest in steel C, along with a comparatively higher grain boundary
strengthening, only lower than that estimated in steel D (Figure 7.5). Combi-
nation of these two contributors therefore secured the high hardness observed in
steel C across all the coiling times. Although the number density of precipitates
in steel A closely matched with that in steel C at least for 20 min coiling time
(Figure 7.13a), the difference in hardness between these two steels is due to the
comparatively low contributions from grain boundary strengthening (Figure 7.5)
in steel A. The early onset of coarsening of the carbide precipitates in steel A
(after 1 h of coiling) further lowered the overall strength of the steel. In contrast
to steel A, the number density of precipitates increased with coiling time in steel
B (Figure 7.13c), which is directly reflected in the tensile strength plot of the
steel (Figures 7.4b and 7.5). In steel D, although the grain bounary strengthening
is highest, comparatively low number density of precipitates formed during coil-
ing (majority of Ti was consumed due to the formation of the Ti(C,N) particles
during solidification) is responsible for the lower strength of the steel compared
to the other steels. Interestingly, the large availability of Mo in steel D did not
encourage Mo2C carbides to precipitate. The reason might be that not enough
carbon was available in the steel to form Mo2C precipitates (refer to Table 7.3).
In Mo-containing secondary hardening steels, Mo2C precipitates are formed upon
tempering in the range of 500-700 ℃ [233]. Berry et al. reported Mo2C carbides
to exhibit the characteristic rows of interphase precipitates in Fe-Mo-C systems
containing Mo and C in the range of 0.5 - 4 wt.% and 0.4 - 0.2 wt.%, respectively
and aged in between 600 - 750 ℃ [8]. The Mo2C carbides were also reported to
form at relatively higher temperatures in majority of the Fe-Mo-C systems [234],
with a characteristic needle-like shape [235–237].
7.6.3 Effect of Mo on the precipitation process
The TEM observations revealed that particles of two size ranges existed in all the
steels: small precipitates formed during phase transformation or in ferrite and com-
paratively larger ones decorating grain boundaries and some of the dislocations.
It can be assumed that the smaller particles were responsible for precipitation
strengthening. However, as both the particles that formed during the austenite to
ferrite transformation and in ferrite shared a similar size range and composition,
it is difficult to distinguish their type in an atom map or during cluster-finding
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analysis and therefore, the results of the cluster-finding analysis (to identify precip-
itates) are a combination of both the interphase and random precipitates formed
in ferrite. Particle number density is essentially related to the amount of available
solutes in the system that form the precipitates.
From the APT bulk composition data (Table 7.3) for all the steels, it is evident
that steel A has higher Ti content compared to the other three steels, but the
total carbide forming solute contents (Ti+Mo) are similar in steels A and B.
Considering the case of 5 min coiling time, the precipitate number density in steel
A was significantly higher (about 260× 1015 cm−3 more precipitates) compared to
steel B (Figure 7.13b and c). Interestingly C - 5 min sample showed even higher
number density of precipitates (about 200×1015 cm−3 more precipitates than steel
A), which has the Ti concentration similar as steel B, but the Mo content being
about two times higher than that in steel B. This suggests that the precipitation
reaction in the B - 5 min specimen has been apparently retarded due to the
presence of Mo, but enhanced in the C - 5 min sample, where the Mo content is
doubled. The inhibiting effect of Mo in the precipitate reaction (as observed in
steel B in the present case) in Ti-Mo steels has not been reported before. However,
this effect of Mo can be explained by considering the two contradicting roles of Mo
in the austenite to ferrite transformation i.e. Mo as a ferrite stabiliser through its
carbide forming ability and also as austenite stabiliser due to solute drag effect, as
discussed previously. There is a possibility that the Mo in steel B enhanced the
austenite to ferrite transformation kinetics (playing the role of a ferrite stabiliser),
which was too fast to allow carbides to form at the moving interface. In that
case, the resulting ferrite would be expected to be supersaturated with Ti and
Mo. However, the chemical composition of the remaining matrix (Table 7.5) of
the B - 5 min specimen, obtained after removal of the precipitates revealed almost
complete consumption of Ti, the major constituent of the carbides, suggesting that
the precipitates formed at 5 min coiling time to be supersaturated in Ti. Although
the C fraction and Ti/Mo atomic ratio plots (Figure 7.14) of steels A to C showed
the carbides to be always enriched with Ti, for the B - 5 min specimen, the degree
of supersaturation needed to be even higher to consume all of the available Ti.
Considering that the Mo fraction in the precipitates formed in steel B across the
various coiling times were similar (Figure 7.14h), the Ti/Mo ratio plot for steel B
(Figure 7.14e) indicates that the precipitates formed in the B - 5 min specimen
are rich in Ti (except < 2 nm radius), compared to 20 min and 1 h coiling time.
The gradual decrease in the Ti/Mo ratio in B - 20 min and B - 1 h specimens
154 Chapter 7 Effect of Mo on microstructural evolution
Table 7.5: Bulk chemical composition of the remaining matrices after remov-
ing precipitates (errors are in the range of 0.001-0.005 at. %)
Specimen C Ti Mo Mn Al Si
A - 5 min 0.09 0.03 – 1.36 0.06 0.63
A - 20 min 0.08 0.02 – 1.35 0.06 0.61
A - 1 h 0.07 0.02 – 1.44 0.06 0.62
B - 5 min 0.06 0.01 0.02 1.47 0.02 0.84
B - 20 min 0.09 0.02 0.01 1.57 0.02 0.84
B - 1h 0.08 0.02 0.01 1.45 0.02 0.84
D - 5 min 0.05 0.01 0.19 1.42 0.002 0.85
D - 20 min 0.05 0.01 0.19 1.42 0.002 0.85
D - 1h 0.05 0.01 0.19 1.42 0.002 0.85
therefore suggests loss of Ti in the carbides. Furthermore, the relative increase in
the precipitate number density at higher coiling times (20 min and 1 h) in steel B
and the metastable nature of the carbides indicates decomposition of the initially
formed precipitates to form new carbides. Wide homogeneity interval [205] of the
TiC carbides often allows sub-stoichiometry, which has been previously discussed
in Chapter 6. Multicomponent carbide thin films (such as Ti-Mo-C, Ti-W-C etc.)
supersaturated with Ti were reported by several researchers [238, 239]. Although
the dissolution temperature of the carbides is generally more than 1000℃ , the
experimental results in the present work suggest decomposition of carbides at a
lower temperature (675 ℃). This is possibly due to a metastable composition of
the initially formed carbides at 5 min coiling time, which seems to become more
stable compositions at longer coiling times (20 min and 1 h).
From this discussion it can be suggested that the level of Mo in steel B accelerated
the austenite to ferrite transformation in such a way that the interphase precip-
itation was partial and as a result, the precipitates at 5 min coiling time were
largely enriched with Ti. At large coiling times, partial decomposition of these
precipitates allowed the formation of new carbides, increasing the total number
density of precipitates. The formation of new precipitates is also evident from the
size distribution histogram, which shifts to smaller average Guinier radius from 5
min to 20 min coiling time (Figure 7.13c).
The role of Mo in the phase transformation of the present Ti-Mo steels can be
clearly explained from the steel D microstructure. Incomplete transformation of
austenite in steel D suggested that with increasing Mo, the austenite to ferrite
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transformation rate was decreased (seemingly due to solute drag effect of Mo).
This can also be observed in the increasing trend of the Mo content in the re-
maining matrices with increasing Mo in the bulk chemical composition belonging
to different steels (B to D, Table 7.5). This suggests that the solute drag effect
of Mo increased with more Mo in solution, in turn delaying the transformation.
However, one complication about this theory is the average row spacing observed
for steels A to C (Table 7.1). It was demonstrated by Batte and Honeycombe that
the interphase precipitate row spacing depends on the rate of austenite to ferrite
transformation [10]. Higher driving force of transformation will decrease the row
spacing. In the present case, the row spacing in steels A and B are similar, whilst
in steel C it is comparatively lower (Table 7.1). This suggests that the rate of
transformation in steels A and B were similar and lower compared to steel C,
contradicting the previously mentioned theory that the rate of transformation in
steel B was faster compared to C. However, the error in steel B row spacing is
higher compared to either A or C. The row spacing in each steel was determined
by measuring at least 15 rows each corresponding to five TEM images. In the
case of steel B, inconsistencies in the row spacing were more frequent compared to
the other two steels. Assuming that the role of Mo in either forming carbides or
inducing solute drag is local in nature, the frequent inconsistencies in row spacing
can be explained, which would suggest that the austenite to ferrite transformation
rate varied locally and allowed interphase precipitation to partially occur.
The precipitate number density at 20 min coiling time increased from that in 5 min
for steels A and B, whilst in steel C it lowered slightly. Considering the fact that
the austenite to ferrite transformation was complete in steels A to C after 5 min
coiling time, it can be assumed that further increase in the number density was a
result of precipitation in ferrite. For steel A, the decrease in the precipitate number
density at 1 h, suggested the onset of coarsening stage, by the process of Ostwald
ripening [203]. The size distribution of particles in the A - 1 h specimen (Figure
7.13b) showed relative increase in precipitate number density at the larger size
ranges (≥ 4 nm Guinier radius) and a decrease in the 2 - 2.99 nm Guinier radius
range, also suggesting particle coarsening. Although it is difficult to indicate the
onset of particle coarsening in steel B due to precipitation of new carbide particles
(Figure 7.13c), the relatively larger number density of precipitates in the 4 - 4.99
nm Guinier radius range compared to 20 min, suggested the coarsening process
was started at 1 h coiling time. The small decrease in the precipitate number
density for C - 20 min and C - 1 h might be an indication of coarsening stage,
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but as discussed in Chapter 6, presence of Mo in the precipitates lowered the
coarsening kinetics. In steel D, however, the total number density (Figure 7.13a)
was similar in all the three coiling conditions (5 min, 20 min and 1 h), although
there was a relative decrease in the number density of precipitates with Guinier
radius greater than 3 nm (Figure 7.13e). Nevertheless, observing the size (average
Guinier radius) ranges of the carbides at 1 h (Table 7.6), the coarsening rate of
the particles in Mo bearing steels (steels B-D) were lower compared to steel A
(Ti-only steel).
Table 7.6: Particle size ranges in steels with various coiling times (nm)
coiling time A B C D
5 min 2.0 - 12.8 1.7 - 9.6 1.5 - 6.9 2.1 - 9.7
20 min 1.6 - 5.2 1.5 - 5.2 1.6 - 5.7 2.0 - 7.6
1 h 1.6 - 9.9 2.0 - 6.0 1.4 - 5.9 2.0 - 5.4
7.6.4 Compositional evolution of precipitates
The results in §7.5.2 revealed that the relative fraction of C in the precipitates
remained almost constant irrespective of coiling time and bulk composition of the
steels (Figure 7.14), supporting the conclusions in Chapter 6 that the C fraction
in the precipitates were stabilised at the early stages of precipitate reaction. How-
ever, it found to vary significantly in smaller particles (< 3 nm average Guinier
radius) compared to the larger ones, suggesting metastable nature of the parti-
cles at smaller sizes. The Ti/Mo atomic ratio (Figure 7.14e-g) in the precipitates
showed a similar trend to C fraction plots for various coiling times, but, the Mo
fraction (Figure 7.14h) in the precipitates was found to vary as a function of Mo
in the bulk composition of the steels. As extensive solid solubility amongst the
transition metal carbides is possible, Mo-rich carbides exhibiting NaCl structure
can be formed. Koutzaki et al. studied phase separation in Ti-Mo-C films de-
posited at 650 ℃ on Si or sapphire substrates and found formation of (Ti,Mo)C
precipitates having up to 80.8 at.% Mo occupying the metal sites [238]. The crys-
tal structure changed to that of Mo2C only when the relative atomic percent of
Mo increased to about 86% or more [238]. Lee et al. also reported increase in
Mo content in the MC type precipitates with increasing Mo in the bulk composi-
tion for Nb-Mo microalloyed steels [240]. In the present work, no particular trend
amongst the Ti/Mo ratios of the precipitates was observed as a function of coiling
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time. However, in steel C, the larger particles (≥ 5 nm Guinier radius) seem to
attain a stable Ti/Mo ratio in 20 min and 1 h coiling time. This observation is not
followed in steel B, due to the fact that formation of new carbide particles even
after 1 h coiling has increased the number density of smaller particles (specifically
in the 2 - 2.99 nm Guinier radius range, Figure 7.13c). In the case of steel D, the
relative change in the Ti/Mo ratio (Figure 7.14g) is small across particle sizes and
coiling times, compared to steels B and C. Together with the comparatively large
Mo content in the steel D precipitates (Figure 7.14h), possible saturation of Mo
atoms in the carbide structure is suggested.
7.6.5 Role of solute clustering in carbide precipitation
Clustering amongst C atoms in both the steels A and B were evident (Figure 7.15b
and f), but limited to 4 atoms with highest number density (experimental-minus-
random) of clusters at 2 atoms size. This observation is similar to that in steel C
(Figure 6.11b). Unlike steel C (Figure 6.11c), Mo clustering above that in random
was prominently observed in B - 20 min specimen (Figure 7.15e), but only up to
3 atoms cluster size. Also, the experimental-minus-random number density values
for Mo-Mo clusters were comparatively lower than the values observed for steel C.
This can be due to the lower concentration of Mo available in the solid solution in
steel B compared to that in steel C. As mentioned in Chapter 6, C and Mo both
have a tendency to segregate at microstructure defects [32, 212, 213] and therefore,
C and Mo clustering is expected.
We confirm clustering between Ti and C atoms only at 20 min coiling time (Figure
7.15c and g) at the 3-8 atoms cluster size range, both in steels A and B. The
experimental-minus-random number density of Ti - C clusters were, however, at
the lower range of the values reported in [192, 193] and also lower than that
observed for Ti-C clusters in steel C (Figure 6.11d). Interestingly no clustering of
Ti and C atoms beyond that in random was observed in 5 min or 1 h coiling time in
both the steels. In contrast, the Ti-C clusters were only observed in 5 min coiling
time specimens in steel C (refer §6.7). Also, presence of Mo-C clusters in steel C
was evident at 5 min coiling time, although no such clustering in steel B (Figure
7.15h and 7.16d)at any of the coiling time conditions was observed above that
in random. Considering these results, it is difficult to conclude about the role of
solute clustering in the precipitation process. However, the occurrence of the Ti-C
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clusters in all the steels suggested that these clusters might have been assisting in
the carbide precipitation process. We see the total precipitate (carbide) number
density in A - 20 min specimen increased compared to that observed after 5 min
in the same steel (Figure 7.13a). Therefore, presence of Ti-C clusters in the A
- 20 min specimen may indicate that the new precipitates formed in A - 20 min
specimen were assisted by Ti-C clustering. This assumption may also be true for
steel B, which showed gradual increase in total number density of carbides (Figure
7.13a). The occurrence of Ti-C clustering in B - 20 min specimen may also be
indicative of the partial decomposition of the supersaturated carbides in steel B
that formed after 5 min coiling time. However, presence of Ti-C clusters in the
1 h specimen was not evident in steel B (Figure 7.15g), which also exhibited an
increase in the precipitate number density. Therefore a complete conclusion about
the role of Ti-C clusters assisting the carbide precipitation can not be drawn based
on the present results.
7.7 Conclusion
The effect of Mo on the microstructural development as well as carbide precipitate
evolution has been investigated in the present chapter. Increasing the amount of
Mo was found to delay the austenite to ferrite transformation, which could be
due to an increased solute drag effect. The presence of about 0.04-0.05 at. %
Mo was found to cause partial interphase precipitation with Ti-enriched carbide
precipitates, due to a faster transformation rate. It has been assumed that these
carbides were partially decomposed to form new precipitates in ferrite at longer
coiling times (20 min and 1 h). Overall, the carbides formed in Mo-containing
steels were found to be resistant to coarsening compared to the Ti-only steel.
Increasing the amount of Mo in the bulk composition resulted in the increase in
Mo content of the precipitates. Extensive solid solubility between the carbides of
Ti and Mo allowed MC-type precipitates to form with greater amounts of Mo in
the carbide lattice. Although solute clustering between Ti and C atoms at smaller
sizes (≤ 10 atoms cluster size) in all the steels (A to C were investigated) was
evident, it is not clear whether these clusters assisted in the carbide precipitation
process or not, as the trend for clustering across the various coiling times was not
consistent.
Chapter 8
Precipitate evolution after 100 h
coiling
8.1 Introduction
Characteristics of the precipitates after 100 h of coiling time in the different com-
positions of steels (A to D) is presented in this chapter. It has been observed
in the previous chapters that the carbide precipitates in Mo-containing steels are
resistant to coarsening compared to the Ti-only steel (steel A). Therefore, the
coarsening of the precipitates after longer aging time is a subject of interest in
order to study the effect of Mo on the coarsening phenomenon. Along with that,
the contribution of the precipitation strengthening to the overall steel strength,
as well as the evolution in precipitate distribution and shape, has been studied in
the present chapter. The results of steel C after 100 h coiling has been used for
comparison purpose, which have been already discussed in Chapter 6.
8.2 Materials processing
The steels were thermomechanically treated following the schedule shown in Chap-
ter 7 with a coiling time of 5 min, in order to ensure that the ferrite transformation
is nearly complete. The transformed specimens were then heated to a coiling tem-
perature of 675 ℃ (650 ℃ for steel C, refer to Chapter 6) and isothermally held
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Figure 8.1: Themomechanical processing for steels A, B and D (100 h).
for 100 h, followed by water quenching. The complete schedule is schematically
shown in Figure 8.1.
8.3 Results
8.3.1 Microstructure and hardness evolution
Optical observations revealed a ferritic microstructure in all the steels coiled for
100 h (Figure 8.2). The average grain size in all the steels was found to be in
the range of 12 to 14 µm (Figure 8.3). The average hardness of the steels are
also similar (Figure 8.3), except C - 100 h, which showed a hardness value almost
two times the others. The strengthening contribution from precipitates has been
determined following the method outlined in Chapter 7. The results in Table
8.1 indicate considerably large precipitation strengthening in C - 100 h specimen,
compared to the other steel compositions.
8.3.2 Transmission electron microscopy
Transmission electron microscopy observations revealed the ferrite grain structure
(Figures 8.4 - 8.7) to be complex with variation in grain sizes within a small area.
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Figure 8.2: Optical micrographs of steels (a) A (b) B (c) C and (d) D after
100 h of coiling at 675 ℃ (650 ℃ for steel C); ferritic microstructure observed
in all the compositions.
Figure 8.3: Comparison of average hardness and ferrite grain size in steels A
to D.
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Table 8.1: Estimated total strength and precipitation strengthening from
hardness (100 h)
Steel
Strength from
hardness (MPa)
Precipitation+dislocation
hardening (MPa)
A - 100 h 357 122
B - 100 h 360 115
C - 100 h 660 420
D - 100 h 390 134
A high dislocation density was observed in some of the grains, possibly formed due
to the volume change associated with austenite to ferrite phase transformation.
Three types of precipitates were generally found in steel A (Figure 8.4b-d). The
first were the cuboid shaped Ti(C,N) particles (marked by the black arrow in
Figure 8.4b), comparatively larger (> 50 nm) than the other two kinds. The
second type of precipitates were found along the grain boundaries (marked by the
red arrow in Figure 8.4b). The majority of the precipitates were observed to be
intragranular (third kind), either in shapes of spheroids or platelets (Figure 8.4b-
d). The average size range of the platelets and those at the grain boundaries were
found to be similar. Interestingly, no interphase precipitate rows were observed.
Similar type of precipitates were also found in the B - 100 h specimen (Figure 8.5).
Also, some of the particles were found to be decorating dislocations (marked by
the black arrow in Figure 8.5b). Both in steels A and B, some of the the platelets
were observed to be situated close to each other (Figures 8.4c and 8.5c), suggesting
potential coarsening of particles by the process of Ostwald ripening [203], where
the larger particles grow by consuming the smaller ones.
In steel C, although both spheroidal and platelet shaped particles were observed,
the average size of those precipitates was smaller compared to steels A and B
(Table 8.2). Also, rows of interphase precipitates were observed in the C - 100
h specimen (Figure 8.6c). At several instances, precipitates on the dislocations
are observed in steel C (Figure 8.6b). In steel D, all three kinds of precipitates
were observed, similar to steels A and B, but the average size of the intragranular
particles formed were in the range observed between steels A and C. The particle
size however seemed to vary in different areas. For example, Figure 8.7c and d
were from two different grains, showing comparatively finer precipitates in the
later. Unlike steel C, rows of interphase precipitates were not observed in steel
D. In all cases, the precipitates (specially platelets, which are the majority of
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Table 8.2: Comparison of particle sizes after 100 h coiling
Steel
Platelets Spheroids
length (nm) thickness (nm) diameter (nm)
A 16.8±7.2 6.6±1.9 11.9±3.8
B 21.6±6.7 6.6±1.7 16.9±6.1
C 9.3±2.9 3.9±1.6 4.8±1.1
D 14.1±4.3 5.0±2.1 9.5±2.8
the precipitate population) often can be linked by a single line, suggesting that
the precipitates were initially associated with dislocations, which moved away or
annihilated during coiling. In all steels, the larger particles were found to be of
MC-type (suggested by the corresponding diffraction patterns).
8.4 Atom probe tomography
Atom probe experiments were attempted on all the four steel samples subjected
to 100 h of coiling. However, unlike the lower coiling time specimens (≤ 1 h) less
success was achieved for the 100 h specimens in terms of data yield. It was possible
to obtain datasets only for steels A and C, the latter being the largest dataset (A:
∼ 2.9×106 and C: ∼ 1.5×107 ions). Frequent fracture of the specimens in all steel
compositions was encountered. Considering the larger precipitate size observed
(Figures 8.4-8.7) in all the 100 h coiling time specimens, it can be assumed that
the frequent fracture of the specimens during the atom probe experiments was
likely due to the large differences in the evaporation field between the precipitates
and matrix, magnified by larger sized particles compared to lower coiling time
samples. This has been supported by the reconstructed atom map of the A -
100 h specimen (Figure 8.8a), which showed acquisition of only part of a particle
followed by specimen fracture. On the other hand, the average particle size in steel
C after 100 h of coiling has been considerably lower compared to the other 100 h
specimens and therefore, we were able to acquire a larger dataset for C - 100 h
specimen. The mass spectra of steels A and C can be represented by that shown in
Figures 7.8a and 6.8. The results of the cluster-finding analysis for precipitates in
the C - 100 h specimen has already been presented in Chapter 6. The average size
of the precipitates (9.1±2.4; size=2× average Guinier raidus) determined from the
APT data in the C - 100 h sample correlated well with the length of the platelets
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Figure 8.4: Bright field images of A - 100 h specimen, showing (a) general
ferrite microstructure (b - d) distribution and morphology of the precipitates.
Arrows in (b) indicate precipitates situated at the grain boundaries (red arrow)
and cuboid-shaped Ti(C,N) particles (black arrow), respectively; inset shows
the corresponding diffraction pattern of the precipitates. arrows indicate (c)
precipitate coarsening by merging of two particles and (d) spherical particles in
a grain along with platelets.
measured from TEM (Table 8.2). As for the A - 100 h specimen, since only one
particle has been partially acquired, statistical representation of the precipitate
size, distribution and chemical composition in that specimen was not possible.
However, an idea about the size of the precipitates can be estimated from the
partially acquired precipitate, which is about 17 nm and 12 nm long along the x
and y axes, respectively (Figure 8.8c). These results also match well with that from
the TEM results, particularly for platelets, having a measured length of 16.8 ± 7.2
nm. Figure 8.8c-f shows Ti, Mo and C atom distribution in selected precipitates
and their corresponding proxigrams for both steels A and C.
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Figure 8.5: Bright field images of B - 100 h specimen, showing (a) general
ferrite microstructure (b - c) distribution and morphology of the precipitates.
Arrows in (b) indicate precipitates situated at the dislocations (black arrow) and
spheroids (red arrow) inside a grain, respectively; arrow in (c) indicate precip-
itate coarsening by merging of two particles; inset shows diffraction pattern of
the carbides with a ferrite zone axis of [100] (d) dark field image corresponding
to (c).
8.5 Discussion
8.5.1 Precipitate distribution
The distribution of precipitates was found to be somewhat random in nature in
all the steels; except in steel C, where the row structure is retained in some of the
grains (Figure 8.6c). The loss of the characteristic rows of interphase precipitates
is potentially due to the coarsening of the particles at longer coiling times (100 h
in the present case). Retention of the row structure in a 0.05Ti-0.22 wt. % Mo
steel coiled at 650 ℃ for 100 h was reported earlier by Mukherjee [17]. Loss of row
structure was earlier reported by Batte [99] and Freeman [100] in Fe-1 V-0.2 wt.
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Figure 8.6: Bright field images of C - 100 h specimen, showing (a) general
ferrite microstructure (b - d) distribution and morphology of the precipitates.
Arrows in indicate (b) indicate platelet shaped precipitates situated at the dis-
locations inside a grain, (c) grain boundary precipitates and the dotted lines
show the rows of interphase precipitates; (d) arrows show platelets in a grain
independent of dislocations.
% C and Fe-0.5 Ti-0.1 wt. % C alloys, respectively. The V-containing steel lost
the original precipitate structure after 1 h of transformation at 725 ℃ [13, 100],
whilst for the Ti-containing alloy, the original structure was maintained up to 40
h at 700 ℃, but then lost after further holding for 30 minutes at 800 ℃ [13, 99].
However the interphase precipitate rows were maintained for a longer time (500 h)
in Fe-V-C alloys when the transformation occurred at lower temperatures (600 ℃
) [13]. It is important to mention that the coiling temperature for steel C was 650
℃ while all the other steels were coiled at a temperature of 675 ℃. However, the
difference between the coiling temperatures for steel C and other steels is small
and may not be the reason for retaining the row structure of precipitates in steel C
after 100 h of coiling. In the literature, little information about the effect of coiling
temperature on the precipitate distribution after longer coiling time is available.
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Figure 8.7: Bright field images of D - 100 h specimen, showing (a) general
ferrite microstructure (b - d) distribution and morphology of the precipitates.
Arrows in (b) indicate precipitates situated at the grain boundaries and cuboidal
shaped Ti(C,N) particles (red arrow) inside a grain, respectively; arrow in (d)
indicate platelets alongside spheroids. Inset in (c) shows diffraction pattern of
the carbides with a ferrite zone axis of [100].
Therefore, more work in this area is needed in order to verify whether such small
change in the coiling temperature can influence the distribution of precipitates.
8.5.2 Shape of the precipitates
Three kind of precipitate shapes were observed; larger sized (about 50 nm) cuboids
of Ti(C,N) and MC type precipitates of either platelet or spherical shape. The
platelets have an aspect ratio (length/thickness) ranging between 2.5 to 3. Con-
sidering the fact that majority of the particles in all the steels (except steel C)
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Figure 8.8: Tomographic reconstruction showing the distribution of Ti, Mo
and C atoms in steels (a) A and (b) C coiled for 100 h; (c) and (e) show
distribution of Ti, Mo and C atoms in the selected precipitates shown by arrows
in (a) and (b), 1.5 at. % C isosurface; (d) and (f) show corresponding proximity
histograms.
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are platelets, it is possible that the spheroids are actually platelets, oriented in
the matrix along a direction different to the platelets. Youle et al. [12] have
determined the theoretical shape of the TiC precipitates in ferrite to be ”plate-
like”, from the lattice strain energy criteria assuming elastic isotropy. The co-
herency was estimated to break down when the particles exceed the critical size
of 4.2nm × 4.2nm × 0.7 nm [12]. As majority of the particles in all the steels in
the current work exhibited platelet shape, it can be assumed that the equilibrium
shape has been achieved after 100 h coiling time. Also, the average size of the
particles was found to exceed the critical size to break coherency for at least two
principal directions in most of the cases, suggesting possible semicoherent nature
of the particles.
8.5.3 Effect of steel composition on the relative coarsening
of the precipitates
It is evident from Table 8.2 that the particles in steel C have the smallest size
(platelet dimensions and spheroid diameter) compared to the other steels. The
size of the particles amongst the various steels are arranged in decreasing order as
follows: steel B> steel A> steel D > steel C. Although there is no clear trend in
the increase in the relative particle size with the Mo concentration of the steels,
it is observed that the particles are coarsening resistant in higher Mo containing
steels (C and D) compared to steels A and B. The rate constant (K) in the LSW
(Lifshitz-Slyozov-Wagner) theory [101, 102] (see Chapter 6) for the multicompo-
nent carbides in steel has been derived by Lee et al. by[241] and the expression
for the rate constant is given by,
K =
2σV βm
RT ln(l/r)
[∑
M
(kM − kFe)(kM − 1)
XαM,∞
DαM
]−1
(8.1)
where, σ is the interfacial energy, V βm is the volume per gram atom of the precipitate
phase, l and r are the length and radius of the precipitate, kM and kFe are the
partitioning coefficient of alloying element M and Fe, respectively, XαM,∞ is the
mole fraction of alloying element M in the matrix phase α (ferrite) at equilibirum
with the particle of infinite radius, DαM is the diffusivity of element M in ferrite.
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The partitioning coefficient of element M (kM) is defined by,
kM = X
β
M/X
α
M (8.2)
where, XβM is the mole fraction of element M in the carbide phase and X
α
M is the
mole fraction of element M in ferrite.
Lee et al. [241] demonstrated that the coarsening rate constant, K is inversely
proportional to k2M , suggesting that coarsening of the precipitates is retarded when
more than one alloying elements is present in the carbide lattice. Also, Dunlop
and Honeycombe [14] suggested that the interatomic bonding energy of mixed
carbides such as (V,Ti)C is greater than that of the simple carbides (VC or TiC),
resulting in a decrease in solubility of the mixed carbides in ferrite and consequently
retarding the coarsening of the particles. Although the precipitates in steels B
to D are mixed carbides (of Ti and Mo), the particle size is larger in steel B
compared to that in C and D. This suggests that the coarsening of particles is
also dependent on the amount of the second solute atom in the carbide lattice.
In the existing literature it has also been suggested that presence of Mo in the
carbides reduces the diffusion of Ti at the interface, which effectively decreases
the particle coarsening rate. We have observed in Chapter 7 that the amount of
Mo in the carbide changes with changing bulk composition of the steels, but did
not change with coiling time for at least up to 1 h of coiling. For steel C, the
Mo concentration of the precipitates remained almost constant even after 100 h
coiling. Although the Mo concentration in the precipitates after 100 h coiling in
the other steels can not be estimated due to limited availability of atom probe data,
it is possible that higher amount of Mo in the carbides (as in steels C and D) will
reduce the Ti diffusion rate successfully compared to the carbides containing lower
concentration of Mo (the carbides in steel B), effectively reducing the coarsening
of carbides. However, the Mo concentration in the carbides and their coarsening
rate does not seem to follow a linear relationship; the average size of the particles
in steel D is larger compared to that in steel C, although the carbides in steel
D contained relatively higher amount of Mo. Therefore, it is possible that other
factors such as the nature of the precipitate distribution also influences the particle
coarsening. In steel D, where the precipitates have a random distribution, most of
the them are likely to nucleate at microstructural defects such as dislocations [23]
(unlike interphase precipitates that occur along the transformation front during
austenite to ferrite phase transformation). Therefore, the possibility of growth /
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coarsening of a precipitate on or near a dislocation is high due to pipe diffusion
[15, 103–105] compared to the interphase precipitates. As a result, the average size
of the precipitates in steel D is higher compared to that in steel C, even though
the Mo concentration in steel D precipitates is likely to be higher (evident from
their composition after 1 h coiling). The larger size of the precipitates encountered
in the B - 100 h specimen compared to all the other steels can also be explained
in this manner, since the majority of the precipitate population in steel B are
formed in ferrite (discussed in Chapter 7). Overall, from this discussion it can be
concluded that the coarsening of the precipitates in the present work is influenced
by the amount of Mo as well as the nature of the precipitates (whether formed as
interphase precipitates or in ferrite).
8.6 Conclusion
The precipitate distribution after 100 h coiling time in most of the steels (except
steel C) changes to random compared to the row-like distribution of interphase
precipitates at lower coiling times of up to 1 h. Most of the precipitates exhibited
a platelet shape, which was reported in the literature to be the equilibrium shape
of the TiC precipitates in steel. The average size of the precipitates (length of the
platelets) was found to decrease in the following order: steel B> steel A> steel
D > steel C. Both the amount of Mo in the carbides as well as the nature of the
precipitates (whether formed as interphase precipitates or in ferrite) controlled the
coarsening of the precipitates.

Chapter 9
Discussion : Precipitate
coarsening and strengthening
9.1 Introduction
The precipitation process in steels with varying amounts of Ti and Mo composition
has been investigated in the present thesis. The evolution of microstructure and
nanoscale carbide precipitates formed during coiling of up to 1 h (short coiling
time) in the steels subjected to various thermomechanical processing conditions
has been discussed in Chapters 6 and 7. In order to study the coarsening of
the precipitates, longer coiling time (100 h in the present work) experiments were
performed on all the steels and the results were presented and discussed in Chapter
8. The outcome from these chapters can be summarised as follows,
• The Mo composition of the carbides depends on the bulk Mo composition
of the steel. The amount of Mo occupying the metallic sites of the carbide
lattice increases with increasing Mo in the bulk composition. However, the
relative C fraction in the larger precipitates (≥ 3 nm average Guinier radius)
was constant in all the steels, suggesting a fixed carbide stoichiometry.
• Except for the Ti(C,N) precipitates formed during solidification, all other
precipitates in the steels are found to be of MC-type. Extensive solid solubil-
ity of TiC and Mo2C precipitates ensured the stability of the NaCl structure
of the precipitates, even with about 60% Mo occupying the metal sites of
the carbide lattice.
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• The role of Mo as a carbide former (i.e. ferrite stabiliser) and as an element
that induces solute drag were found to act competitively in the steels. Lower
amount of Mo (0.1 wt. %) in the steel favoured the ferrite transformation
in such a way that the interphase precipitation was incomplete. In higher
Mo-containing steels (≥ 0.2 wt. %) the solute drag became dominant, en-
couraging martensite formation in steel D (highest Mo containing steel in
the series).
• In the steels after 100 h of coiling, most of the precipitates show a platelet
shape. These precipitates seem to grow always along the length direction.
• The precipitate size after 100 h coiling has been increased compared to that
after 1 h of coiling in all the steels, but the magnitude of this increase is
dependent on the chemical composition of the precipitates, (especially on
the Mo concentration) and their distribution. The precipitates in steel C
were found to be most coarsening resistant followed by those in steel D.
In this chapter, combining the particle size data from the previous three chapters,
the mechanism of particle coarsening in the steels subjected to shorter (≤ 1 h) and
longer coiling times (100 h) is discussed. Also, the precipitation strengthening in
the steels is estimated using the Ashby-Orowan [55] approach.
9.2 Coarsening of the precipitates
In the literature, titanium carbide is reported to be an extremely stable precipitate,
in steel even at elevated temperature [147]. In the precipitation theory, growth
and coarsening is differentiated by matrix supersaturation. The coarsening regime
(i.e. Ostwald ripening) starts in the presence of low supersaturation and constant
volume fraction of the precipitates (while lowering the precipitate number density).
In the present work, the trend of precipitate number density (Figure 7.13a) is
different for each of the steels in the lower coiling time regime (up to 1 h). The
lowering of the number density of precipitates after 1 h coiling of in steels A and
D suggests the onset of the coarsening regime. Similarly, in steel C, the number
density decrease after 20 min coiling time, which could suggest start of coarsening.
In contrast, the precipitate number density showed an increasing trend (up to 1
h) in steel B, and therefore, the start of precipitation coarsening could not be
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Table 9.1: Various coarsening mechanisms
n values coarsening mechanism reference
2 interface-controlled [102]
3 lattice-diffusion-controlled [101, 102]
4 grain-boundary-diffusion-controlled [242]
5 dislocation-pipe-diffusion-controlled [103–105]
identified. However, it can be assumed that the precipitates are in the coarsening
stage after 100 h of coiling in each of the steels. Although the precipitates in all
steels coarsened after 100 h (Table 8.2) compared to that after 1 h coiling time, the
relative coarsening of the precipitates is comparatively high in steels A and B. It is
noted that in samples coiled up to 1 h, the average Guinier radius (obtained from
cluster-finding analysis results of the atom probe data) in all the steels did not
exceed 5 nm, with values ranging between 1.5 to 13 nm Guinier radius (Table 7.6).
Coarsening of Vanadium carbides has been investigated by Balliger et al. [15] in
the Fe-V-C and Fe-V-C-N systems at 740 ℃ and 790 ℃. They observed that at the
initial stages (1-5 min and 30 min of aging at 790 ℃ and 740 ℃, respectively) the
particle coarsening was controlled by interfacial reactions, whilst in the later stages
of aging dislocation coarsening (by pipe diffusion [103–105]) became dominant
[15]. As both VC and TiC (or (Ti,Mo)C) are both MC-type precipitates and their
precipitation process in steel are similar, it can be assumed that their coarsening
sequences will also be similar. According to the LSW (Lifshitz-Slyozov-Wagner)
theory [101, 102, 105], the coarsening rate of the precipitates can be represented by
(time)1/n kinetics, where, values of n represent different mechanisms of coarsening
(see Table 9.1). However, in the present work, determining the changeover from
interfacial-reaction-controlled to dislocation-controlled coarsening is difficult, due
to insufficient data points.
As can be observed from Figure 9.1, the average particle size at the 5 min to 1
h coiling time range is similar in all the steels. From 1 h to 100 h, an abrupt
rise in the particle size has been observed in all the steels and it is likely that
the coarsening mechanism shifted to a dislocation-controlled process at this stage.
Since only two data points are available in this time range for most of the steels
(except for steel C, three data points are available from SANS experiments, see
Chapter 6), it is not possible to determine the gradient of the fitting curve. Even
for steel C, the (log) particle size vs. time plot could not be used, as the starting
particle radius is non-zero. Following Balliger et al., we plotted r¯n vs. t (n = 2
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Figure 9.1: Comparison of particle size in steels A - D coiled for various
amount of time. Note: The particle dimensions up to 1 h coiling time have
been generated from average Guinier radius from atom probe results (particle
dimension = 2 × Guinier radius); for 100 h coiling time, the dimension from
the length direction of the platelets was taken, measured from TEM images.
or 5) for the 1 h to 100 h coiling time range (Figure 9.2). Clearly, the regression
analysis revealed a better fitting can be found when n = 5. This suggests that
the coarsening of the particles in steel C, after 1 h of coiling has been controlled
by dislocation-pipe-diffusion. Evidence of dislocation-particle interaction in steel
C can be found in Figure 8.6b. Since the trend of the average particle size vs.
time plot in all the steels are similar (Figure 9.1), it can be assumed that like
steel C, the particle coarsening in other steels would be dislocation-controlled. In
all steels coiled for 100 h, part of the particle populations decorating dislocations
is evident from the TEM images (Figures 8.4-8.7), also suggesting the role of
dislocations in particle coarsening. Coarsening of carbides in Fe-V-C and Fe-Ti-C
systems was previously investigated [15, 87] and reports indicate rapid coarsening
of particles situated on or next to a dislocation, by pipe diffusion. Balliger and
Honeycombe [15] proposed that the particles situated at or near the dislocations
grow by pipe diffusion and in the process consume existing particles in the matrix,
the rate being controlled by the slowest diffusing species; which in the present
case is Ti. Depending on the diffusion rate of Ti, all the matrix particles would be
consumed except the particles growing on dislocations. Larger particles growing
by consuming small ones has been also observed by Mukherjee [17] in a similar
Chapter 9 Discussion : Precipitate coarsening and strengthening 177
Figure 9.2: Steel C, coiled at 650 ℃ after strain 1 deformation at 890 ℃;
Plots of (a) average particle diameter, d to 2nd power vs. time and (b) average
particle diameter to 5th power vs. time. Note: Data from SANS results (see
Chapter 6).
steel coiled for 100 h at 650 ℃.
9.3 Precipitation strengthening
In the present work, the strengthening due to the precipitates has been estimated
by assuming that the dislocations move by following the Orowan looping mecha-
nism [54]. Although small particles would be shareable by the dislocations [243],
it has been suggested by Gladman [53] that in the case of microalloyed steels,
the small volume fraction and high strength of the carbide particles will allow the
Orowan looping to occur in particles of about 5 nm (or more) size. Also, vari-
ous researchers proposed that the Ashby-Orowan approach [55] can estimate the
precipitation strengthening reasonably well [6, 17, 53, 244]. Assuming the precip-
itation strengthening followed the bowing mechanism of dislocations in presence
of hard particles, the increase in yield stress (∆τy) in the presence of precipitates
can be expressed by the Orowan equation [54]:
∆τy = Gb/L (9.1)
where, G is the shear modulus, b is the magnitude of the Burgers vector of the
dislocation and L is the mean inter-particle spacing.
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In a system with second-phase particles distributed randomly, the increase in the
yield strength (σOrowan, in MPa) is estimated by Ashby-Orowan equation [53, 55]:
σOrowan = (0.538Gbf
1/2/X) ln(X/2b) (9.2)
where, f is the volume fraction of the particles and X is the particle diameter
(mm). In ferritic steels, G is 80300 MPa [53] and b is 0.248 nm [53].
In the present work, the average size and volume fraction of the particles were
measured from the APT results. The estimated results (σOrowan) are shown in
Table 9.2 along with the volume fraction and average size (= 2× average Guinier
radius). Clearly the precipitation strengthening in all of the cases is more than
200 MPa, except steel D, which is reasonable considering lower precipitate volume
fraction compared to steels A to C. Mukherjee also reported the estimated precip-
itation strengthening in similar steel compositions to be more than 250 MPa [17].
The precipitation strengthening using the Ashby-Orowan approach could not be
estimated in most of the specimens coiled for 100 h (due to unavailability of APT
data). However, in the case of C - 100 h specimen, it is estimated to be about 200
MPa, which is considerably lower than that estimated for the steel C specimens
up to 1 h of coiling (> 280 MPa). This is expected considering the increase in
average particle dimension along with decrease in particle number density after
100 h of coiling.
In the present work, the precipitation strengthening (∼ 210 − 390 MPa for steel
A to C, up to 1 h coiling time) estimated by the Ashby-Orwan mechanism is
lower than that estimated in Figure 7.5 (∼ 450 MPa assuming constant disloca-
tion strengthening of ∼ 50 − 90 MPa). However, both the methods have their
limitations. The method used in Chapter 7 utilised empirical equations, provid-
ing approximate values. For example, in an earlier work by Mukherjee [17], the
yield strength of a similar Ti-Mo steel was reported to be ∼ 612 MPa (measured
by shear punch test), with the hardness values ranging between 250-255 HV. On
the contrary, the yield strength from the hardness value of the same steel can be
estimated to be ∼ 750 MPa, (using Equation 7.1), clearly higher than the actual
yield strength of the steel. Therefore, it can be assumed that the yield strength
values in Chapter 7 are overestimated. Also, there is a limitation to the Ashby-
Orowan method used in the present work. The average size of the precipitates was
calculated from those identified in the corresponding APT dataset. However, the
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Table 9.2: Precipitation strengthening estimated by the Ashby-Orowan ap-
proach
Specimen Volume fraction
Average particle
dimension (nm)
σOrowan
(MPa)
A - 5 min 0.008 7.10±2.94 361.76
A - 20 min 0.003 4.84±1.36 296.03
A - 1 h 0.008 6.70±3.31 384.12
B - 5 min 0.003 7.62±2.50 211.72
B - 20 min 0.002 5.98±1.27 222.07
B - 1 h 0.005 6.06±1.37 331.35
C - 5 min 0.005 5.68±1.59 311.96
C - 20 min 0.003 5.24±1.36 286.87
C - 1 h 0.004 5.52±1.61 306.79
C - 100 h 0.003 9.06±2.37 203.39
D - 5 min 0.003 7.46±2.11 201.20
D - 20 min 0.002 5.99±2.08 190.89
D - 1 h 0.0011 6.3±1.38 147.45
precipitate size was found to vary over a range (Figure 7.13), resulting in a large
standard deviation of the calculated average which therefore affects the calculated
precipitation strengthening. However, considering the precipitation strengthening
estimated by Mukherjee [17] in a similar Ti-Mo steel who used actual strength
measurement data and APT analysis, it is likely that the precipitation strength-
ening values estimated in Table 9.2 are closer to the actual values.
9.4 Conclusion
The coarsening mechanism of the particles has been discussed along with the
dislocation-particle interaction in the steels after 100 h coiling. Whilst the coars-
ening mechanism of particles in samples of lower coiling times (≤ 1 h) cannot be
determined due to near constant nature of the particle size, it has been suggested
that the coarsening in particles after 100 h coiling time occurs by pipe diffusion.
The precipitation strengthening in the steels were estimated to be more than 250
MPa in most of the coiling conditions (Ashby-Orowan approach), which expectedly
decreases considerably after 100 h of coiling.

Chapter 10
Summary and Future work
The aim of the present thesis was to investigate the effect of Mo on the evolution
of precipitates in ferrite, formed during or after the austenite to ferrite transforma-
tion in 0.04C-1.5Mn-0.3Si (wt.%) Ti-Mo steel. The effect of the simulated coiling
time, steel composition and the prior austenite deformation on the precipitation
process is examined. In addition, the possibility of solute clustering assisting the
precipitation process and their effect on the mechanical properties is considered.
The conclusions of the present thesis are based significantly on the results from
the atom probe tomography. APT data analysis was performed using a extensive
data mining approach for the quantitative characterisation of the precipitates and
clusters in terms of their chemical composition, number density and size distribu-
tion. In addition to APT, results from transmission electron microscopy (TEM)
and small angle neutron scattering (SANS) are correlated. The outcomes of the
present work are summarised in §10.1 and suggestions for future work are given
in §10.2.
10.1 Summary
Chapters 6 and 7 discuss the effect of Mo and the thermomechanical processing
conditions on the precipitate evolution in terms of chemical composition, size dis-
tribution and number density. In Chapter 8, the evolution of the precipitates
after 100 h of coiling simulation was discussed. Further, the possible coarsening
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mechanisms of the precipitates as well as an estimation of the strengthening contri-
bution from the precipitates following the Ashby-Orowan approach were discussed
in Chapter 9. The outcomes of the present work are summarised below:
• The role of Mo as a carbide former (i.e. ferrite stabiliser) and as an element
that induces solute drag were found to act competitively in the steels. In the
presence of ∼ 0.09 wt. % Mo, interphase precipitation occurred partially
due to a faster transformation rate compared to the Ti-only steel. It has
been assumed that these precipitates were decomposed upon further holding
(≥ 20 min) at the coiling temperature and allowed the formation of new
precipitates in ferrite. However, more work is needed in the Ti-Mo steels
with Mo composition lower than 0.09 at. % to explain the possible driving
force for such carbide decomposition. In higher Mo-containing steels (≥ 0.2
wt. %), the solute drag effect was dominant and encouraged formation of
martensite in Steel D (highest Mo concentration among all the steels).
• A positive correlation between the Mo concentration in the steel and precip-
itates was observed. This is observed for the first time since no work exists
in the current literature studying the effect of steel composition on the car-
bide composition. The relative C fraction in the larger size precipitates (≥ 3
nm average Guinier radius) was similar in all the steels (C/M ≈ 0.4− 0.6),
suggesting a fixed carbide sub-stoichiometry.
• Extensive solid solubility of TiC and Mo2C allowed the carbides to retain
an MC-type structure even with about 60 at.% Mo of the total metallic ion
fraction in the carbides.
• In the 0.09 Ti - 0.22 Mo (wt. %) steel, although the average precipitate size
(radius) was larger in the strain 0 cases compared to that in strain 1 up to
1 h of simulated coiling, overall, it was less than 3 nm in both the cases,
suggesting the particle coarsening is not dependent on the prior austenite
deformation conditions.
• A slow coarsening rate of the precipitates was observed in the Mo-containing
steels compared to that in the Ti-only steel up to 1 h coiling time, which is
proposed to be due to a lowering of Ti diffusivity at the precipitate-matrix
interface as a result of Mo in the carbides.
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• The study investigated possible solute clustering (where the clusters were
defined as solute aggregates containing less than 30 atoms) and their effect
on the mechanical properties. Clustering between Ti and C atoms at smaller
sizes (≤ 10 atoms) was evident in all steels studied (steels A to C were
investigated). However, their effect on the mechanical properties (hardness)
was not observed. Also, it is not clear whether the clusters assisted in the
carbide precipitation or not, as the trend of clustering across various coiling
times was not consistent.
• The distribution of precipitates became random in all the steels after 100
h coiling time (except steel C). The loss of the row-like distribution of the
precipitates is thought to be due to the coarsening of the precipitates assisted
by dislocations.
• The precipitates in specimens subjected to long coiling time (100 h) exhibited
a platelet shape, which is the equilibrium shape of the TiC precipitates
reported in the existing literature.
• The average size of the precipitates was found to be controlled by both
the Mo concentration of the precipitates and their nature (whether formed
as an interphase precipitate or formed randomly in ferrite). The presence
of Mo in the carbide appear to retard the diffusion of Ti at the particle-
matrix interface. The precipitates that formed randomly in ferrite are likely
to nucleate on microstructural defects such as dislocations, increasing their
probability of growth / coarsening by pipe diffusion.
• The coarsening mechanism in the steels coiled up to 1 h could not be deter-
mined due to the near constant particle size as a function of coiling time.
However, particle coarsening seems to be controlled by dislocation pipe dif-
fusion after 100 h of holding at a simulated coiling temperature.
• According to the Ashby-Orowan approach, the precipitation strengthening in
the steels was estimated to be more than 250 MPa in most of the steels. The
estimated values are in agreement with that reported literature for similar
steel compositions. The estimated value of the precipitation strengthening
was found to be reduced as expected in samples coiled for 100 h compared
to 1 h.
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10.2 Suggestions for future work
The present work established that the precipitates in steel C are comparatively
stable in terms of their size and distribution up to long coiling times (100 h),
making them suitable for industrial processing conditions. Whilst some of the
underlying reasons are revealed by the present thesis, more work is needed to
clearly understand the precipitation behaviour in the Ti-Mo steels. The following
are the key points that require further work:
• In the present work, we observed that the interphase precipitation occured
partially in steel B (0.09 wt. % Mo). It has been assumed that the in-
terphase precipitation was partially prevented due to the faster rate of the
austenite to ferrite transformation in steel B, compared to the other steels.
The faster rate of the transformation was thought to be due the amount of
Mo in the steel, assuming the ferrite forming ability of Mo in steel B was
dominant compared to its solute drag effect. Such inhibiting effect of Mo in
the interphase precipitation was not reported in the literature. More work is
required on steels containing less than 0.1 wt. % Mo to confirm this effect.
• The reason for maintaining the row-like distribution in some of the grains in
steel C even after 100 h coiling time (in contrast to the other steels, where
the particle distribution became random after 100 h coiling) is not clear.
It seems that the maintenance of the row-like distribution and the coarsen-
ing resistance of the carbides are related, since the combined contribution
of precipitation and dislocation strengthening in steel C after 100 h coiling,
was found to be the largest of all the steels. Therefore, the effect of coiling
temperature and time as well as Mo concentration on the precipitate distri-
bution in steels coiled for longer times (≥ 100 h) needs to be investigated
further.
• The results of the atom probe cluster-finding analysis suggested the forma-
tion of Ti-C clusters in all the steels (A to C are investigated). However,
their role in assisting the carbide formation is not clear. Also, the number
density of these clusters were found to be at the lower range of that reported
by Marceau et al. [192, 193], who used a similar method of cluster finding.
This could be due to the reason that the interphase precipitation process
was almost complete in all the steels (ferritic microstructure was observed in
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all the cases). As the carbide precipitation process is fast, the possibility of
solute clustering needs to be investigated in steels subjected to even shorter
coiling times (< 5 min) compared to that used in the present work in order
to establish the precipitation sequence (or development thereof, rather) in
Ti-Mo steel.
• Another aspect of future work could be modeling of the kinetics of the pre-
cipitation process in Ti-Mo steel. Whilst the results in the present thesis
can give a perception about the coarsening mechanism, more data points
are required across the coiling time range to properly establish this. A ki-
netics model based on the data may therefore predict the precipitate size and
volume fraction based on a given alloy composition, coiling time and tem-
perature; finally predicting the level of precipitation hardening in a given
alloy.

Appendix A
Development of CCT curves
A.1 Dilatometric experiments
The dilatometric experiments have been performed in Swerea KIMAB AB, Swe-
den. Initially a base composition of 0.05C-0.3Si-1.4Mn-0.08Ti (wt. %) was pro-
duced. The ingots were then remelted in a Leybold vacuum induction furnace
at 1 Torr pressure to produce four different compositions with various amount of
Mo. The chemical composition of the three steels are shown in Table A.1. The
compositional analysis was performed at SSAB EMEA Borla¨nge. The steels 1, 2
and 3 correspond to the steels A, B and D investigated in the present thesis.
(Note: The Ti concentration in the steels 1 and 2 differs from that in the steels
A and B (Table 4.1). However, in the present work, the dilatometric experiments
were performed only to estimate the ferrite transformation regime in order to
select a suitable simulated coiling temperature for obtaining ferrite in the final
microstructure and thereby improving the possibilities of precipitation in ferrite.
Ferrite microstructure was successfully obtained in all the steels as evident from
the results in Chapters 6 and 7.)
The ingots were homogenised at 1200 ℃ for 1 h followed by hot rolling to achieve
a thickness of 12 mm. The samples were hot rolled in a 4 high reversing pilot plan
mill. Cylindrical samples of dimension 5 mm × 10 mm were produced from the
hot rolled ingots. The dilatometric experiments were performed on the samples in
two batches. All the samples were heated to an austenitising temperature of 1200
℃ and held for 5 minutes followed by cooling to 875/900 ℃ and held for 5 seconds
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Table A.1: Chemical composition of steel (wt. %)
Element Steel 1 Steel 2 Steel 3
C 0.066 0.047 0.049
Si 0.277 0.294 0.318
Mn 1.413 1.422 1.482
Ti 0.080 0.074 0.079
Mo <0.002 0.100 0.406
N 0.0035 0.0025 0.0023
Figure A.1: Dilatometric experiment schedule
to stabilise the sample temperature. First batch of samples were cooled to room
temperature at various cooling rates. Second batch of samples were subjected to
a deformation of true strain 0.6 before cooling to room temperature. The detailed
experimental schedule is given in Figure A.1. The deformation on the samples was
performed at 900 ℃ (not 875 ℃) to minimise pro-eutectoid ferrite formation.
A.2 Determination of CCT curves
The relative change in the length of the samples with respect to temperature have
been plotted. Examples of the plots are shown in Figure A.2b. The phase trans-
formation start and finish temperatures have been determined from the inflection
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Figure A.2: (a) Determination of CCT curve of steel 2. (b) Ferrite start
and finish temperature determined from the dilatometric plots corresponding
to various cooling rates (c-g) microstructural evolution in steel 2 with varying
cooling rates after deformation; P: pearlite, PF: polygonal ferrite, AF: acicular
ferrite, (f-g) show predominantly accicular ferrite. Note: points in between
the ferrite start and finish temperatures for each cooling rate represent 50% of
transformation.
points in the plots. As the objective of thesis is to study the precipitation for-
mation during the austenite to ferrite phase transformation and in ferrite, only
the ferrite start and finish temperatures have been determined. An example of
the CCT plot with corresponding microstructure evolution in steel 2 is shown in
Figure A.2.
The CCT curves obtained for each composition (undeformed and deformed con-
ditions) are shown in Figure A.3. It is to be noted that these CCT curves only
shows regions of eutectoid ferrite transformation. Broadly, the austenite to ferrite
transformation takes place in the 500 ℃ to 700 ℃ temperature range for unde-
formed conditions. The variations in transformation start and finish temperatures
are small among the various cooling rates and steel compositions. The transfor-
mation window in deformed samples is slightly wider than that for undeformed
conditions, between 850 ℃ to 475 ℃ .
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(a) (b)
(c) (d)
(e) (f )
Figure A.3: Preliminary CCT diagrams determined for (a) steel 1, unde-
formed and (b) deformed; (c) steel 2, undeformed and (d) deformed; (e) steel 3,
undeformed and (f) deformed conditions.
A.3 Final selection of coiling temperature
The objective of the present thesis is to study the precipitation process in ferrite
or during the austenite to ferrite phase transformation. Therefore, it is necessary
to select a coiling temperature that ensures complete ferritic transformation in
all the steel compositions. Dilatometric experiments were performed on all the
steel compositions for this purpose, the schedule being similar as in Figure A.1,
but after deformation in the austenitic regime, the samples were isothermally held
at various coiling temperatures within the ferritic transformation region (between
600 ℃ to 700 ℃) obtained from the previously determined CCT diagrams (Figure
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Figure A.4: Dilatometric experiment schedule
A.3). The details of the processing schedule is shown in Figure A.4. All the steel
specimens used in the experiment was deformed at 900 ℃, prior to coiling, to
accelerate the rate of transformation. The coiling time was fixed at 1 h for each
of the specimens. The cooling rate from 900 ℃ (deformation temperature) to the
experimental coiling temperature was selected to be 30 ℃/min, on the basis that
the previous TMCP performed in steel C followed the same cooling rate prior to
coiling (optimised in a previous work [17]) and the compositions of steels 1-3 are
similar to steel C (except Mo content).
The final coiling temperature for steels 1-3 was selected by comparing the mi-
crostructure obtained for various coiling temperatures and steel compositions. The
microstructural evolution in all the steels after 1 h of coiling time, coiled at various
temperatures are shown in Figure A.5. The microstructure in all steels showed a
combination of martensite, acicular and polygonal ferrite, the volume fraction de-
pending on the coiling temperature. The desired polygonal ferritic microstructure
is observed at the coiling temperature of 675 ℃ for all steels. Therefore, 675 ℃
has been selected as the coiling temperature for the final experiments.
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